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Abstract 

In a number of aluminium (Al) alloys to date, the addition of a small quantity of scandium (Sc) 

has revealed a significant and beneficial effect on strengthening due to the formation of nano-

sized, coherent Al3Sc precipitates. However, the strengthening response of the ternary Al-Si-

Sc (4xxx series Al-alloys) and quaternary Al-Si-Mg-Sc (6xxx series Al-alloys) alloy systems 

has been hampered by an apparent unfavourable interaction between silicon (Si) and Sc; 

forming the deleterious V-phase (AlSc2Si2) and thus limiting the allowable Si content to ~ 0.15 

wt. % for Sc-containing Al-alloys.  

The present research was aimed at elucidating and understanding the evolution of phases that 

form due to the Si-Sc interaction in Al-alloys – whilst seeking ways to achieve enhanced alloy 

strength without compromising other properties (such as corrosion resistance).  

Model Al-Si-Sc alloy compositions and heat treatment parameters were designed using 

CALPHAD (CALculation of PHAse Diagrams). The production of model Al-Si-Sc alloy 

sheets with varying Si:Sc ratio was carried out by lab-scale casting and processing using a 

conventional route for wrought aluminium semi-products with T6 condition. The Si-Sc 

interaction was studied at various processing stages. Firstly, during the casting of model alloys, 

a difference in the precipitation of nano-sized (Al,Si)3Sc phase was dependent on the Si content 

of the alloys. Secondly, during low-temperature homogenisation treatments (pre-heat 

treatment) which led to desirable, coherent (Al,Si)3Sc spherical precipitates, hardening resulted 

depending on the Si to Sc ratio. Thirdly, upon a high-temperature solutionising treatment, the 

formation of rod-shaped and deleterious V-phase (AlSc2Si2) resulted, with an unrecoverable 

softening. In situ transmission electron microscopy (TEM) studies were conducted at the 

formation temperatures of (Al,Si)3Sc and V-phase to study the respective precipitation 

mechanism. Various analytical techniques including electron microscopy, small-angle x-ray 
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scattering (SAXS), atom probe tomography (APT), precession electron diffraction (PED), and 

Vickers hardness testing were utilised to characterise the phases formed following the said 

processing conditions of the Sc-containing alloys.  

Beyond this work, the comprehensive understanding of desirable and undesirable Si, Sc-

containing phases will be useful to design suitable Al-Si-Mg-Sc alloy compositions and heat 

treatment conditions. This study indicates that there exists a compositional and processing 

window to design the future high strength Al-Si-Mg-Sc alloys.  Co-precipitation of (Al,Si)3Sc 

and Mg2Si in these alloys can be obtained by optimising the ageing heat treatment conditions 

below the V-phase nucleation temperature to avoid its formation and to maximise bulk 

mechanical properties. 
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1 Introduction 

Light weighting remains an ongoing and important trend in the automotive sector in order to 

increase fuel efficiency and reduce CO2 emissions. The required weight saving is generally 

achieved through the use of low-density materials such as aluminium (Al) alloys, magnesium 

(Mg) alloys, carbon-based composites, and other lightweight materials. Aluminium alloys are 

of particular importance and specifically, the conventional 6xxx series (Al-Mg-Si) Al-alloys 

are most widely used due to the balance of good corrosion resistance and moderate strength. 

Attempts to increase the strength of the 6xxx series Al-alloys are popular in the context of 

automotive use.  Some of the copper (Cu) containing 6xxx series Al-alloys that demonstrate 

the highest strength of 6xxx series Al-alloys are also being considered for aircraft applications 

[1]. However, the strength enhancement by the addition of Cu is associated with degradation 

in corrosion performance. On the other hand, studies indicate that alloying with scandium (Sc) 

in small quantities has the potential to simultaneously achieve significantly higher strength in 

commercial Al-alloys, while maintaining corrosion resistance [2–5].  

The use of Sc as an alloying element has been documented since the 1960s and the first patent 

on this system was filed in 1968 by the Aluminum Company of America (ALCOA). This initial 

work emphasised the useful benefits of alloying Al with Sc in multicomponent alloys and the 

strengthening benefits were found to occur during carefully designed thermal treatments due 

to the formation of L12 structured nano-precipitates [6]. Further studies resulted in successfully 

designed high strength Sc-bearing 5xxx (Al-Mg) and 7xxx (Al-Zn) series Al-alloys and are 

being used commercially for a few applications. On the contrary, very little work has been done 

in the development of Sc-containing 6xxx series Al-alloys; majorly due to the cost implications 

resulting from the addition of comparatively expensive elements like Sc as well as due to the 

detrimental effects of Si on Sc-bearing phases forming the deleterious V-phase (AlSc2Si2) [7]. 

The present work was aimed at both elucidating and understanding these detrimental effects 
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due to the presence of higher levels of Si content in the Al-Sc alloys via detailed 

characterisation of desirable and undesirable Sc-containing phases. The identification of 

processing conditions at which these phases form was done to formulate the mitigation 

strategies which can help develop Sc-containing 6xxx series Al-alloys. 

 



Chapter 2 

 

3 
 

2 Literature review 

This chapter provides a review of the available literature on Sc-containing Al-alloys and 

multiple effects caused by the addition of Sc. The Sc-containing nano-precipitates and their 

evolution during key manufacturing stages of wrought Al-alloy production are discussed in a 

later part. The final part of the literature survey outlines the effect of Sc addition in multi-

component Al-alloys. 

2.1 Al-Sc binary alloy system 

The binary system of Al-Sc alloys is well understood and studied in detail. The maximum 

solubility of Sc in the face centred cubic (FCC) α-Al at the temperature of eutectic 

transformation (659 °C) is ~ 0.35 wt. %, a eutectic composition is 0.6 wt. % Sc, and the 

solidification has a very narrow range of ~ 5 °C [8–10] as given in Figure 2.1. The alloy is 

hyper-eutectic for the Sc composition beyond the eutectic point, whereas in hypo-eutectic 

alloys the Sc composition is lower than the eutectic point. 

 

Figure 2.1: Schematic diagram of the Al-rich end of the Al–Sc binary phase diagram (reprinted 

from [8] with permission from Elsevier). 
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The equilibrium coherent Al3Sc (scandium aluminide) phase is formed during the following 

eutectic reaction occurring at 655 °C to 660 °C. 

Liquid ↔ α-Al + Al3Sc. 

The formation of Guinier-Preston (GP) zones and other metastable phases during the 

precipitation sequence has not been observed so far [11]. 

2.2 Effects of Sc in Al-alloys 

The addition of Sc in Al-alloys results in multiple beneficial effects which are explained in this 

section. These effects can be helpful while designing and processing the Al-Sc alloys due to 

their direct relationship with the end properties of the Al semi-products.  

2.2.1 Refined microstructure 

Scandium is one of the most effective grain refiners and modifiers in Al-alloys when added 

with a concentration greater than 0.55 wt. % (hypereutectic concentration) [8,11–16]. The 

relationship between grain size and Sc concentration is shown in Figure 2.2. The modifying 

effect of Sc forms dendrite free, equiaxed grains in the cast condition [7].  

 

Figure 2.2: Effect of Sc content on as-cast grain size (reprinted from [13] with permission 

from Elsevier).  
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Scandium additions in more common Al-Si-Mg foundry alloys have refined the as-cast grain 

size, reduced dendritic arm spacing (DAS), refined eutectic Si phase, and converted iron (Fe) 

rich β-Al5FeSi phase into less deleterious, soft, nodular Sc-containing phases such as 

Al12Si6Fe2(Mg,Sc)5 [2,17–20].  

2.2.2 Improved quench sensitivity 

Lower quench sensitivity is important for cast products in order to get uniform mechanical 

properties at varying thicknesses of the component. It also indicates that relatively slow cooling 

rates are enough to get a saturated solid solution during casting. In the case of Al-Sc alloys, a 

supersaturated solution of Sc in α-Al was achieved even at lower cooling rates (of the order of 

105 K/s) similar to those being used at an industrial scale for continuous casting of Al-alloys 

[21,22]. Scandium was found to improve the quench sensitivity of Al–7Si–0.6 Mg alloy by 

60% due to the formation of Al3Sc precipitates even at low cooling rates, with a similar 

hardness reached for a range of cooling rates. The formation of Al3Sc precipitates also retards 

the formation of β΄-Mg2Si [23]. 

2.2.3 Anti-recrystallization  

Recrystallization occurs in Al-alloys wherein deformed grains are replaced by new strain-free 

grains when heated to a high enough temperature [1]. The transition metal (TM) elements, 

when added to Al-alloy, increase the recrystallization temperature of the respective alloy, 

known as the ‘anti-recrystallization effect’. This effect is important since the worked texture of 

the component can be retained during subsequent high-temperature thermal treatments without 

the formation of recrystallized grains. As can be seen in Figure 2.3, Sc is the most effective of 

all other TM elements due to the large number density of homogeneous coherent Al3Sc 

precipitates. The anti-recrystallization effect disappears after coarsening and loss of coherency 

of these precipitates [7]. 
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Figure 2.3: Recrystallization temperature change versus TM addition in Al-TM cold rolled 

alloys (reprinted from [7] with permission from Elsevier). 

2.2.4 Precipitation hardening 

A significant hardening effect in Al-Sc alloys was seen as a result of precipitation of spherical, 

coherent, Al3Sc precipitates with an optimum diameter of 1.5 nm [12,24]. A dark field (DF) 

TEM image of the Al3Sc precipitates is given in Figure 2.4.  

 

Figure 2.4: DF-TEM micrograph of Al3Sc precipitate in Al-0.Sc alloy aged at 400 °C for 17 

minutes (reprinted from [25] with permission from Elsevier). 

In general, precipitation experiences three stages [1]: 

1. Early-stage with an incubation period, which indicates delayed nucleation of precipitates  

2. Rapid growth stage, which is the period of highest hardening rate  
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3. Gradual growth stage which has a lower hardening rate 

The hardening response mainly depends on - (1) treatment temperature, (2) holding time at the 

temperature, and (3) Sc concentration in the alloy. As the treatment temperature and time are 

changed, the kinetics of precipitation changes, as shown in Figure 2.5 (a). The maximum 

hardness can remain similar even with the change in treatment temperature; however, with 

increasing temperature, a sharp peak of maxima appeared along with the disappearance of the 

plateau [7,24,26].  It is thus important to achieve the right trade-off between treatment 

temperature and time in order to get optimum sized precipitates.  

 

Figure 2.5: Hardening of (a) Al-0.41Sc-0.01Fe-0.1Si alloy (reprinted from [7] with permission 

from Elsevier), (b) as a function of Sc concentration (reprinted from [26] with permission from 

Elsevier). 

With increasing Sc content, the incubation time decreases, and the value of peak hardness 

increases [11,26] as shown in Figure 2.5 (b), for the Sc concentrations of 0.1, 0.2, and 0.3 wt. % 

at 300 °C. As compared to the usual age hardenable alloys like Al-Mn and Al-Zr, the Al-Sc 

alloys were reported to have a higher precipitation temperature [26], decomposition rate [24], 

resistance to softening [12], and a shorter incubation time [24,27,28].  

2.2.5 Corrosion resistance 

The limited research that explored the effect of Sc on corrosion reported an improvement in 

the corrosion properties resulting from refined, non-recrystallized microstructure and modified 
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grain boundary precipitate characteristics due to Al3Sc precipitates [5,29–31]. The Al3Sc phase 

was found to be slightly cathodic to the α-Al matrix and hence should have only little impact 

on the corrosion resistance of Al-alloys when added in low concentrations [5]. For instance, 

the additions of Sc and zirconium (Zr) were reported to improve the corrosion performance of 

7xxx series Al-alloys [30] and 2xxx series Al-alloys [32]. Similarly, Sc:Zr addition of 1:2 in 

Al-Cu-Mg alloys was found to reduce intergranular corrosion susceptibility resulting from non-

recrystallized refined grain size, increased grain boundary precipitate spacing, and decreased 

Cu containing phases at grain boundaries [31]. Only one study reported a degradation in 

corrosion properties and concluded that Sc addition in AA7010 alloy facilitates corrosion 

initiation due to the formation of a coarse Al3ScxZr1-x phase [33].  

2.2.6 Other properties 

The Al3Sc precipitates are also known for their high thermal resistance and therefore, they have 

been found to improve the creep performance of Al-alloys [26]. The creep properties are a 

function of Sc content, precipitate size, and heat treatment conditions [34–37].  The addition 

of Sc and Zr improved the superplastic behaviour of Al-Mg-Sc-(Mn)-(Zr) alloys [38–41]. The 

01570 commercial Al-alloy was found to exhibit superplastic properties at 475 °C and under a 

strain rate of 6×10-3 s-1, an elongation of 600% was reported with flow stress of 11 MPa. Under 

the same conditions, the 01571 Al-alloy was reported to exhibit an elongation of  1000% [42]. 

These alloys were also proved to have better wear resistance [43] and weldability [44]. 

2.3 Precipitates evolution during processing 

The Sc-containing precipitates are of great importance since they result in improved properties 

and thus an overall performance enhancement of the alloys as explained in section 2.2. This 

section describes their evolution through some key stages of the conventional wrought Al semi-

product manufacturing process which is schematically illustrated with respect to temperature 

and time of respective process steps in Figure 2.6.  
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Figure 2.6: Schematic representation of a manufacturing process sequence for wrought Al 

semi-products. 

2.3.1 Casting process 

A fine grain size, a lower amount of Fe-rich grain boundary constituent particles, non-dendritic 

structure, fine intermetallics, and lower elemental segregation are the desirable microstructural 

features in cast structures in order to get improved strength in the end product. The Sc 

concentration and casting process conditions directly affect these microstructural features in 

Al-alloys.  

In the case of hyper-eutectic Al-alloys, primary, faceted, cubic Al3Sc particles form during 

solidification. The particles have an L12 crystal structure with a lattice parameter ‘a’ of 0.4104 

nm [8].  The presence of an oxide inclusion at the centre of the Al3Sc particles was observed, 

which indicated that the primary particles tend to nucleate on the inclusions [8,33]. 

An effect of cooling rate on the primary Al3Sc phase in an Al-0.7 wt. % Sc system was reported 

by Hyde et al. [45]. The as-cast grain size and Al3Sc primary particle size were both found to 

be decreasing with increasing solidification rate. One of the effects of increasing the cooling 

rate was a change in the surface morphology of Al3Sc primary particles from faceted cubic to 

non-faceted cellular structure growing in [111], [110], and [100] directions as shown in Figure 

2.7 [45]. 

Ingot casting / 
direct chill 

casting

Homogenisation 
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ingots

Thermo-
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(Rolling / 

Extrusion / 
Forging etc.)

Solutioninsing 
and ageing
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Figure 2.7: Al3Sc primary particles at a cooling rate of (a) 1 K s-1 (b) 100 K s-1 (c) 1000 K s-1 

(reprinted from [45] with permission from Elsevier).  

In hypo-eutectic conditions, the Sc stays largely supersaturated in the Al matrix during 

solidification. However, few studies reported the presence of eutectic Al3Sc or Al3(Sc,Zr) nano-

precipitates formed due to discontinuous precipitation in the as-cast condition. The 

precipitation is referred to as ‘discontinuous’ if the precipitates form heterogeneously at the 

moving high angle boundaries [46]. The degree of discontinuous precipitation of Al3Sc is 

proportional to Sc supersaturation and melt temperature [24,47,48]. A study by Elagin et al. 

[24] showed that a small amount of Al3Sc nano-precipitates of ~ 20 nm size were formed during 

solidification in the case of an Al-0.41 wt. % Sc alloy, indicating that the solid solution of Sc 

in Al was unstable.  

Although there exists some knowledge about the precipitation of primary Al3Sc during the 

solidification, the studies relating the solidification parameters with the changes in eutectic 

Al3Sc nano-precipitates are scarce.  

2.3.2 Homogenisation treatment 

Cast structures in Al-alloys are not desirable when it comes to superior strength performance. 

Therefore, homogenisation treatment generally becomes necessary to improve the cast 

structure and to make it suitable for subsequent thermo-mechanical processing. The major 

objectives of conducting homogenisation treatment on cast ingots are [1]: (1) to reduce 

microsegregation of elements throughout the ingot, (2)  to remove the low melting point (LMP) 
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phases, (3) to dissolve and/or to spherodise and/or to convert deleterious Fe-rich coarse 

intermetallic phases into less harmful phases (4) to form precipitates of hardening phases to 

control grain structure during subsequent hot working process. 

In Sc-containing Al-alloys, Sc remains supersaturated after casting, and hence a separate 

thermal treatment is usually required to precipitate the Al3Sc phase. Usually, there are two 

approaches to precipitate the Sc-containing phases. In a first approach, the precipitation of the 

Al3Sc phase was obtained by annealing heat treatment of the cast ingots (low-temperature 

homogenisation treatment). Whereas, in the second approach, the Al3Sc phase can be dissolved 

first during the solutionising treatment of the thermo-mechanically processed alloys and a 

suitable ageing treatment can be performed to form the Al3Sc phase  [27]. Such a treatment 

condition is called as ‘T6 temper’ which involves solution treating of an alloy at high 

temperature followed by artificial ageing at a certain temperature to achieve precipitation 

hardening. However, comparative studies of resultant strength with these two different 

approaches are missing. In general, to achieve high strength Sc-containing wrought Al-alloys, 

the process sequence given here (T6 temper) is considered as more appropriate: heat treatment 

of cast ingots to form nano-precipitates → hot working of ingots to form non-recrystallized 

structure due to presence of nano-precipitates → cold working to get required size and shape 

of the alloy → solutionising treatment to get solid solution of other hardening elements in the 

case of ternary alloys or quaternary alloys → ageing treatment to co-precipitate second or third 

hardening phases while maintaining coherency of Al3Sc nano-precipitates. 

The information presented subsequently is about the Al3Sc characteristics and precipitation 

kinetics irrespective of whether the precipitation occurred during a low-temperature 

homogenisation treatment to cast ingots or T6 treatment. 
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2.3.2.1 Nucleation and growth of precipitates 

The type of nucleation, size, and the growth morphology of precipitates were found to be a 

function of the Sc concentration and thermal treatment cycle given to the alloy [11,13,49].  

The continuous precipitation due to homogeneous nucleation of coherent Al3Sc precipitates 

occurred when precipitation treatment was conducted from 225 °C to 300 °C.  The coherency 

strain of the precipitates was stable as would be expected from the fact that they were in their 

equilibrium state and the diffusion rate of Sc in Al is low [11]. Coherency of precipitates was 

qualitatively judged by Ashby and Brown (AB) strain contrast method as shown in Figure 2.8 

[25].  

 

Figure 2.8: Changes in strain contrast arising from the level of coherency of precipitates with 

the matrix (reprinted from [25] with permission from Elsevier).  

The discontinuous precipitation (due to heterogeneous nucleation and therefore not so desirable 

mode of precipitation) of the Al3Sc phase along the dislocation occurred when the precipitation 

treatment between 300-500 °C was conducted [50] (Figure 2.9) or when the Sc concentration 

in the alloy was low [48].  

 

Figure 2.9: An example of discontinuous precipitation in Al-0.3Sc alloy: (a) bright-field (BF) 

and (b) corresponding dark-field (DF) TEM images of Al3Sc precipitates nucleated 

heterogeneously at dislocations (reprinted from [49] with permission from Elsevier).   
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For low Sc concentrations, lobes and cusps at the corner of cubic shaped Al3Sc precipitates 

were formed when treated at 300 °C for a very long time of 72 h. The lobes were grown in non-

specific crystallographic orientation as shown in Figure 2.10. For longer ageing treatment at 

350 °C for 130 h, Al3Sc precipitates with rod shape were formed [49].  

 

Figure 2.10: Evolution of Al3Sc precipitate in Al-0.1Sc alloy viewed along [100]α-Al aged at 

350 °C with varying time (reprinted from [49] with permission from Elsevier).  

On the other hand, for higher Sc concentrations, the shape of the Al3Sc precipitate was found 

to be a function of precipitate size. The facets on Al3Sc precipitate are not developed when the 

precipitate is too small (less than 2 to 3 nm); whereas, the facets on {100} and {110} planes 

for an increased precipitate size were observed under a transmission electron microscope 

(TEM). The development of facets is related to the interface boundary energy (γ), which was 

found to be orientation and temperature-dependent for Al(FCC):Al3Sc(L12) interface. At 0 K, with 

zero applied pressure, the γ was 32.5, 51.3, 78.2 mJ/m2 for (100), (110) and (111) respectively 

[51]. This indicated that the Al3Sc was likely to develop cuboidal shaped precipitates with 

interfaces in (100) as against (110) or (111) planes. 

 

Figure 2.11: A Great Rhombicuboctahedron (a) 3D precipitate (b) [100] and (c) [110] 

projection (reprinted from [49] with permission from Elsevier).   
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The equilibrium Al3Sc precipitate has 6 {100} planes (cube), 12 {110} planes (rhombic 

dodecahedron), and 8 {111} planes (octahedron), which is called a Great 

Rhombicuboctahedron and schematically shown in Figure 2.11 [49]. 

The strengthening due to precipitates was not significant when aged at below 300 °C for Al-

0.11 at. % Sc and Al-0.19 at. % Sc alloys and theoretical calculations indicated that the Orowan 

mechanism was operative for ageing above 300 °C [52].  

2.3.2.2 Coarsening and coherency loss of precipitates 

Precipitate size, coherency, and precipitation treatment temperature are strongly related to each 

other. Coarsening and coherency loss in Al3Sc precipitates was observed when the alloys were 

exposed to temperatures higher than 400 °C to 500 °C resulting in softening [13,25,26,53–55]. 

Yet in another study, the coherency of Al3Sc precipitates was maintained even after a heat 

treatment at 300 - 450 °C for 168 h [56]. It was seen that with increasing temperature and/or 

holding time, the precipitate size increases (refer Figure 2.12) with reduced number density. 

The coarsening rate increases with the increase in temperature and is controlled by bulk 

diffusion of elements [55].  

 
Figure 2.12: Size of Al3Sc versus (aging time)1/3 (t1/3) at 350 °C, 400 °C, 450 °C, and 500 °C 

(reprinted from [13] with permission from Elsevier).   
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The qualitative observation of changes in AB strain contrast can be used to estimate the 

coherency loss as shown in Figure 2.13. Precipitates below 15 nm in diameter were coherent 

whereas those between 15 to 40 nm in diameter were mixed with coherent as well as semi-

coherent precipitates, and those greater than 40 nm diameter were all semi-coherent. The 

coherency loss was also associated with the presence of dislocations at the matrix-precipitate 

interface [25]. 

 

Figure 2.13: Ratio of semi-coherent particles versus the particle radius (reprinted from [25] 

with permission from Elsevier).    

The coarsening and coherency loss of Al3Sc precipitates are to be considered when it comes to 

precipitate strengthening utilizing heat treatment in the case of Al-Sc-X ternary alloys (where 

X can be Mg, Si, Cu, and other similar hardening elements). The solutionising temperature for 

these ternary alloys is 450-550 °C which is not sufficient to form a saturated solid solution of 

Sc in the α-Al matrix. Instead, exposure to conventional solutionising temperatures results in 

coherency loss and coarsening of Al3Sc degrading the strengthening performance [57].  

2.3.2.3 Improvement of thermal stability of nano-precipitates 

There is a need to increase the thermal stability of Al3Sc precipitates in order to conduct 

successful solutionising and ageing for the co-precipitation of other hardening phases and to 
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maintain coherency of Al3Sc precipitates in Al matrix. To improve the coarsening resistance, 

the minor addition of other elements (individually and combined) such as titanium (Ti) [58,59], 

vanadium (V) [60], hafnium (Hf) [61], and Zr were studied, and Zr was found to be most 

common and efficient of all. Zirconium can be dissolved in Al3Sc precipitate substituting Sc 

up to 50%, which forms a shell around the Sc-rich core of the Al3(Sc1-xZrx) precipitates [62]. 

Similarly, up to 10% Ti can be dissolved in Al3Sc substituting Sc, which also forms a shell 

around the Sc-rich core of precipitate [57]. 

1. Addition of Zr 

The coherent, core-shell type, Al3(Sc1-xZrx) precipitates are less susceptible to coagulation. 

This helps in retaining the anti-recrystallization effect of the alloy. Zirconium also helped to 

improve the modifying effect of Sc in Al-alloys by reducing the required critical addition of Sc 

from 0.55 wt. % to 0.18 - 0.25 wt. % [63].  

Several studies indicated that Zr improved thermal stability without changing the hardening 

effect, as shown in Figure 2.14 [7,53,64,65]. However, a study conducted by Knipling et al. 

[54] indicated that the hardness increase for the addition of Sc and Zr was much higher than 

that of Sc addition.  

 

Figure 2.14: Hardness change for Al-Sc-(Zr) alloys with respect to annealing time at 350 °C 

(reprinted from [7] with permission from Elsevier).  



Chapter 2 

 

17 
 

As compared to Al3Sc, Al3Zr precipitates need higher precipitation temperature and time [54]. 

The calculated time-temperature-transformation (TTT) diagram indicated that a 

homogenisation temperature of 450 °C for a holding time of 10 h should be sufficient to form 

a 0.05% volume fraction of Al3Zr [66]. 

2. Addition of Mg 

Very few studies indicated that Mg addition can also be beneficial in improving the thermal 

stability of Al3Sc precipitates. Magnesium increases the lattice parameter of aluminium solid 

solution and hence effectively reduces the coherency strain around Al3Sc precipitates. The 

structural mismatch between the α-Al matrix and precipitates is reduced by 50% with a 6.5 

wt. % Mg addition [57]. 

The coherent Al3Sc precipitates were thermally stable up to 450 °C with an Mg addition of 6.3 

wt. % as confirmed by Drits et al. [22]. It is quite well established that the Al3Sc precipitates 

in binary Al-Sc alloys are stable up to 350 °C. The maximum Mg addition of up to 6.5 wt. % 

can be made to Al-alloys, which is a limit for most 5xxx series Al-alloys. Thus, thermal stability 

can be increased by 100 °C maximum with a 6.5 wt. % Mg addition. So far, there are no studies 

conducted with an Mg addition greater than 6.5 wt. % to the binary Al-Sc alloys and hence the 

full potential of Mg for improving thermal stability is unknown.  

2.3.3 Hot-working 

The strain hardening behaviour of Al-Sc alloys depends on the amount of strain and 

deformation temperature [67–69]. The strain hardening effect of Al-Sc in comparison to 

commercially pure Al-alloy (CPAl) after hot rolling at 200 °C was studied by Jindal et al. [69]. 

As indicated in Figure 2.15, the alloy free from Sc (CPAl) showed increasing work hardening 

with increasing strain due to increased dislocation density. However, Al-1.0Sc alloy showed 

two separate modes of work hardening. In the initial mode, increasing work hardening response 
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was seen for up to 10% deformation probably due to the formation of dislocation tangles 

confined by precipitates. In the subsequent mode, at a deformation level greater than 10%, no 

work hardening effect was observed possibly due to the non-uniform interaction of dislocations 

with precipitates. 

 

Figure 2.15: Strain hardening effect in (a) commercial pure aluminium (b) Al-1Sc alloy both 

rolled at 200 °C (reprinted from [68] with permission from Elsevier). 

The recrystallization temperature of the alloy increases with Sc concentration [7]. Due to a 

homogeneous distribution of Al3(Sc,Zr) precipitates, Al-Mg-Si [64], Al-Cu-Li-Sc-Zr [70], and 

Al-Mn-Zr-Sc [71] alloys showed recrystallization resistance up to 450 °C, 470 °C, and 550 °C 

respectively. However, the study conducted by Ihara et al. [72] indicated that the dynamic 

recrystallization occurs more frequently in Al-Mg-Sc alloy as compared to Al-Mg alloy for 

deformation temperatures above 450 °C. The high degree of dislocation density around Al3Sc 

precipitates was found to be the main source of nucleating new recrystallized grains. On the 

other hand, the hot working also is seen to affect the morphology of Al3(Sc,Zr) precipitates, 

and three different morphologies after hot rolling at 400 °C were seen [73]: (1) a rod-shaped 



Chapter 2 

 

19 
 

precipitate, (2) spherical precipitate with spherical core and (3) a spherical precipitate with a 

cylindrical core.  

The literature on determining the ease of hot working operation in terms of applied pressure 

during forming due to the presence of the Al3Sc phase are scarce. There exists a study on 

analysing the extrudability of AA6082 and AA7108 alloys, which was degraded marginally 

due to Sc and/or Zr addition [74].  

2.4 Effect of Sc in multi-component systems 

Scandium is more useful in Al-alloys when added in ternary or quaternary alloy systems. 

Reviews of the Al-Sc alloy literature can be found in [75,76]. This section deals with the effects 

of other common main alloying elements on the Al-Sc system. 

2.4.1 Commercially available Sc-bearing Al-alloys 

The main alloying additions to aluminium are Si, Cu, zinc (Zn), Mg, and lithium (Li). Out of 

these elements only Zn, Mg, and Li do not react with Sc. Hence, most of the commercial alloys 

are based on Al–Mg-Sc (1570, 1571, 1545, 1535, 1523, and 1511), Al–Zn–Mg-Sc (1970, 1975), 

and Al-Mg-Li-Sc (1421, 1422, and 1424) systems. The performance of all these alloys is 

superior to their counterparts [7]. 

In the peak aged condition, the 01570 alloy (Al-6Mg-0.25Sc-0.1Zr-0.4Mn) had an ultimate 

tensile strength (UTS) of 400 MPa, a yield strength (YS) of 300 MPa, and an elongation of 

15%. The observed high strength was attributed to the stable and non-recrystallized 

microstructure after the hot working process, which was maintained even after solution 

annealing at 300 °C [42]. 
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2.4.2 Other beneficial elements  

Magnesium is found to be most effective in achieving high strength properties due to refined 

grain size during casting, precipitate strengthening due to coherent Al3(Sc,Zr) precipitates, and 

non-recrystallized substructure after hot rolling. The YS of 433 MPa and UTS of 503 MPa for 

Al-6Mg-0.5Sc alloy after ageing at 288 °C for 4 h was observed in a study conducted by Sewtell 

et al. [40]. The alloys were found to be thermally stable up to 288 °C for 100 h without 

degrading the hardness; however, YS was found to be decreasing rapidly with an exposure of 

1 h to 260 °C possibly due to thermally activated dislocation bypass of Al3Sc particles. An 

increase of 150 MPa in UTS of Al-Mg alloy with an alloying of 0.2 wt. % Sc and 0.1 wt. % Zr 

was achieved with a drop in elongation by 10% in a study by Yin et al. [47]. 

Manganese (Mn) does not react with Sc and improves strength, stabilises polygonised 

structure, and improves corrosion performance [77]. For Li containing Al-alloys, marginal 

improvement in mechanical properties has been achieved. In the case of AA8090, hardness 

increased marginally by 3 HV and 10 HV with an Sc addition of 0.11 and 0.22 wt. % 

respectively. Similarly, YS increased by 18 MPa and TS increased by 27 MPa in the case of 

0.11 wt. % Sc addition. The alloys with Sc addition showed the presence of Al3Li, non-uniform 

composite precipitates of Al3Li/Al3(Sc,Zr), and precipitate free zones (PFZ) [3]. 

2.4.3 Other detrimental elements  

Chromium (Cr) addition increases exfoliation corrosion susceptibility of Al-Zn-Mg-Sc alloys 

and hence is undesirable. Iron does not react with Sc and hence when added below 0.8 wt. % 

does alter the strengthening, anti-recrystallization, or modifying effect of Sc [7]. In another 

study, the effect of 0.2 and 0.4 wt. % Fe on Al-(5.8-6.8)Si-(0.2-0.35)Mg alloy with 0.2 and 0.4 

wt. % Sc was evaluated. Increasing Fe content decreased the modification effect of Sc, whereas 

the effect of Sc on Fe-intermetallics was found to be beneficial. Iron-rich β-Al5FeSi 
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intermetallics were changed to α-Al8Fe2Si and other Sc-rich intermetallics with a less harmful 

morphology [78,79]. 

Copper can react with Sc to form W-phase (ScCu7-4Al5-8) intermetallics decreasing the strength, 

plasticity, and crack resistance. Thus, for Cu-containing Al-alloys, lower Sc addition is 

desirable [7] and studies indicate the possible formation of L12 structured precipitates to 

improve the strengthening response [80]. For Al-0.72Cu-0.48Sc alloy, the effective 

temperature for maximum hardening was found to be 200-350 °C with the formation of θ 

(CuAl2) and Al3Sc precipitates; both showing growth and coherency loss at above 400 °C. The 

coherent θ” and semicoherent θ’ had (100)p | | (100)m ; [010]p | | [010]m orientation relationships. 

The phenomenon of natural hardening i.e. ageing of an alloy at room temperature was almost 

absent in these alloys [21,80]. 

Silicon is another detrimental element in the Al-alloys for Sc addition [7]. The interactions of 

Si and Sc are important for this project and hence detailed discussions about the same are 

carried out in section 2.5. 

2.5 Sc in Al-Si and Al-Mg-Si alloys 

Both the heat treatable as well as non-heat treatable category alloys are available in the 4xxx 

series (Al-Si) alloys. The precipitation kinetics of Si in an Al-1.7 wt. % Si alloy were studied 

by Lasagni et al. [81] when solutionised at 540 °C for 1 hr. When aged at 270 °C, a mix of 

globular and platelet Si particles were observed while at 300 °C mostly unstable, globular Si 

was precipitated which dissolved once heated to 370 °C indicating the unstable nature of Si-

precipitates in this alloy system at higher ageing temperatures.  

The strengthening response of the ternary Al-Si-Sc alloy system was much different than that 

of the binary Al-Sc system. Silicon reacted with Sc forming V-phase (AlSi2Sc2) which 

neutralised the effect of Sc addition. Hence, it was recommended to limit Si content to 0.15 
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wt. % max. [7]. Thus, the Si-Sc interactions are less studied for Al-alloys having higher Si 

content. Ageing studies on Al-9.72Si-0.45Sc cast alloy done by Kharakterova et al. [21] 

indicated that an increase of 150 MPa in hardness can be obtained after thermal treatment at 

200 °C for 2 to 4 h. Both the non-coherent Si particles and ternary V-phase contributed to this 

hardening. The two orientation relationships (ORs) of V-phase and the Al matrix were (1̅22̅)p 

| | (010)m ; [221]p | | [100]m and (13̅4)p | | (010)m ; [221]p | | [100]m. 

Commercial Al-alloys usually have some impurity level Si (< 0.2 wt. %) and Fe (< 0.1 wt. %). 

The impurity Si can be introduced in the Al-alloys from the starting material i.e. primary 

aluminium of the wrought Al-alloy and/or from the erosion and contamination from the 

refractory materials lining of the smelter. The source of Fe in Al-alloys is usually from the ores 

and are not always completely removed during the production and refining of primary 

aluminium. The presence of these impurities often leads to the formation of insoluble phases 

like Al6(Mn,Fe) and Al15Si2(Fe,Mn) which usually have detrimental effects on the other 

mechanical properties such as fracture toughness and fatigue resistance [82]. Silicon is of 

particular importance here, since Si replaces Al atoms in the L12 crystal structure [83–85], the 

precipitates formed in these commercial Al-alloys are actually (Al,Si)3Sc even though they 

have been broadly reported as Al3Sc. Throughout this thesis, the nano-precipitates formed in 

Si-free Al-Sc alloys are referred to as Al3Sc, whereas those formed in Si-containing Al-Sc 

alloys are referred to as (Al,Si)3Sc.  

Some studies are done focusing on the dilute addition of Si in Al-Sc alloys. Q. Yao [86] 

indicated that the calculated shear modulus of 62.64 GPa for (Al,Si)3Sc precipitates as against 

that of Al (26.1 GPa) can result in a good strengthening effect. The calculations further showed 

that the (Al,Si)3Sc precipitate was less brittle than Al3Sc. The strengthening effect of Al-Sc 

alloys with the dilute addition of Si was superior to that of alloys without Si addition [85]. It 

was also noticed that the dilute simultaneous addition of Si and Fe resulted in enhanced 
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precipitation kinetics and microhardness [87]. The higher Si content (0.06 at. %) was found to 

be more beneficial than the lower Si content (0.02 at. %) in the alloys upon ageing heat 

treatment, as indicated in Figure 2.16 [84]. Similarly, in another study [37], a substantial 

improvement in creep resistance was seen for the Al-Si-Sc-Zr-Er alloy having a higher Si 

content than the alloy with a lower Si content. The creep improvement was attributed to the 

formation of a chemically homogeneous core-shell L12 nano-precipitates which modified the 

elastic strain field around them.  

  

Figure 2.16: Improvement in hardness as a function of ageing treatment for Al-Si-Sc alloys 

(reprinted from [84] with permission from Elsevier). 

The L12 structured (Al,Si)3Sc precipitates were formed at the beginning of decomposition when 

aged at 300 °C. The alloy experienced a strong hardening effect due to coherent (Al,Si)3Sc 

precipitates with a mean diameter of 6 nm. The concentration profile through a single 

precipitate in Figure 2.17 (c) produced using atom probe tomography (APT) confirmed the 

composition of precipitate as Al - 25 at. % Sc - 6 at. % Si. Silicon was found to be uniformly 

distributed throughout the precipitate without any segregation at the interface. Hence, the 

authors indicated that Si may not produce the effect of anti-coarsening like Zr and Ti does [83]. 

In another study [88] of 6xxx series Al-alloy, the substitution of Al-sublattice sites by Si was 
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seen to be much higher of the order of 20 to 25 at. % as compared to the earlier studies 

[83,84,89] where such substitution was reported to be lesser than 10 at. %. 

 

Figure 2.17: 3DAP studies of Al-0.16Sc-0.05Si heat-treated at 300 °C: (a) individual 

precipitate mapping, (b) concentration profiles of the elements (reprinted from [83] with 

permission from Elsevier). 

Having said this, (Al,Si)3Sc precipitates appeared to be coarsening faster than that of Al3Sc. 

There exists a study [85] which indicated that Si addition (0.05 wt. %) reduced precipitate 

coarsening resistance of Al3Sc(1-x)Zrx. The possible explanation given by the authors was that 

the Si-Sc pairing might have increased Sc diffusivity in the Zr-enriched shell as well as in the 

α-Al matrix. Secondly, Si could have also increased Zr diffusion kinetics reducing the 

coarsening resistance of the Zr-rich shell. The study also indicated that Si was found to 

eliminate the presence of distinct zones in the case of core-double shell precipitates of 

AlScZrEr. It was believed that the addition of Si evens out the differences in diffusivities (DEr 

< DSc < DZr) and hence the said precipitates did not show the non-flat concentration profiles in 

the presence of Si. The precipitates constructed using APT revealed that the Si concentration 

was greater in Sc-rich core than Zr-rich shell in both high- and low-Si alloys [84]. However, 

no evidence in the literature was found for the change in coherency strain and lattice parameter 

of (Al,Si)3Sc precipitates due to Si addition. 

The precipitation sequence in 6xxx series Al-alloys can be given as: 
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SSSS → GP → β” → β’ → β (Mg2Si) 

where SSSS is a supersaturated solid solution of an α-Al matrix, and GP zones are a precursor 

to precipitation. The Sc addition in these alloys is not very well studied probably due to the 

formation of deleterious phases rather than the desirable L12 nano-precipitates. Marginal 

implications of Sc addition on the precipitation strengthening in the 6xxx series Al-alloys are 

seen [74]. The recrystallization resistance was not improved in the AA6082 alloy due to Sc 

addition. Further, the extruded and heat treated AA6082 alloy had shown to have a marginal 

improvement in the tensile strength due to the changes that occurred in the recrystallization 

structure after extrusion, however, the contribution of Sc and/or Zr was not evident [74]. Yet 

in another study conducted on extruded AA6082 alloy rods could show a significant increase 

in yield strength (~ 100 MPa ) and UTS (of ~ 85 MPa) due to Sc addition [90]. The needle-like 

β-phase co-existed with Al3(Sc,Zr) nano-precipitates in the solutionised and aged Al-1 wt. % 

Mg-0.6 wt. % Si alloy resulting in an increased hardness [91], indicating a potential to co-

precipitate the hardening phases originally present in these alloy systems and the nano-

precipitates of L12 crystal structure. Commercially available AA1370 alloy (equivalent to 

AA6056 with additions of Ni, Sc, and Zr) with optimised heat treatment could provide the UTS 

of 400-420 MPa  [92].  

2.5.1 Precipitation of (Al,Si)3Sc in Al-Si-(Mg)-Sc alloys 

The presence of Si in the Al-Sc alloys assisted the nucleation of (Al,Si)3Sc nano-precipitates 

during solidification [27], which was attributed to the attractive Si-Sc binding energies 

resulting in a strong tendency to form Si-Sc clusters [84]. The Sc migration energy was reduced 

by 39% in presence of Si in the matrix, where the Si-Sc pairing occurred after the solute-

vacancy exchange resulting in accelerated precipitation of Sc atoms and hence Sc-containing 

phases. A significant amount of Si-Sc and Si-Si clustering at a near-neighbour distance was 

revealed [84]. The substitution of Si at Al sub-lattice sites in the Al3Sc precipitate was most 
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favourable resulting in more relaxed (Al,Si)3Sc precipitates; this also accelerated the 

precipitation kinetics of Sc in (Al,Si)3Sc precipitates [83–85].  

The studies conducted so far have been focusing on the Al-Sc binary alloy systems and the 

ternary alloy systems are less explored except those with Mg, Zn, and Li since these elements 

do not react with Sc. The precipitate evolution is much more complex for the elements which 

react with Sc, such as Si and Cu. Especially the presence of Si was seen to be deleterious to the 

hardening effect produced by Al3Sc precipitates and hence most studies so far on Al-Si-Sc 

alloy systems are conducted with Si levels lesser than 0.1 wt. % [83,84]. However, most 

industrially relevant 6xxx series Al-alloys have a Si content of 0.6 to 0.8 wt. %. Hence the 

effect of Sc addition in Al-Si alloys containing Si level from 0.1 to 0.8 wt. % will be primarily 

studied in this work. Even if Si is known to be deleterious for the Sc addition in Al-alloys, this 

deleterious effect is not well studied in the existing literature. Chapter 6 in this thesis will thus 

examine various characteristics of deleterious phases in Al-Si-Sc alloys and related 

precipitation mechanisms. There exists limited knowledge about the (Al,Si)3Sc precipitate and 

related effects which will be of main interest for chapter 7. 
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3 Research aims 

A review of the available literature indicates that Sc additions can remain successful in multi-

element Al-alloy systems including the 2xxx (Al-Cu), 5xxx (Al-Mg), and 7xxx (Al-Zn-Cu) 

series systems, with good potential for applications requiring a high specific strength (i.e. 

aerospace and automotive applications). Although such aforementioned Al-alloys have good 

mechanical properties, their balance of strength to ductility and their corrosion performance is 

known to be not optimum. The present research seeks to address the development of a well-

balanced Al-alloy, by namely enhancing the strength of alloys, such as the 6xxx series (Al-Mg-

Si) Al-alloys. Scandium containing 6xxx series Al-alloys would be ideal candidates for 

enhanced automotive applications, in addition to extruded products (or Al products that are 

anodised). However, previous work has highlighted a poor response to Sc additions in 6xxx 

series Al-alloys mainly due to interactions of Si with Sc. It is necessary to better understand 

these interactions, to conduct the detailed characterisation of Sc-containing phases and to 

determine the precipitation mechanisms and processing conditions that will lead to the 

formation of these phases in Sc-containing 6xxx-series Al-alloys.  

The principal aim of this work is to understand the interaction of Sc with Si in the model 

Al-Si-(Sc) alloys via characterisation of Sc-containing phases, in order to develop 

strategies to maximise the bulk mechanical properties without compromising other 

properties.  This research work will support the long-term goal of achieving significantly 

improved strength in Al-Si-Mg-Sc alloys. 

One traditional approach to study the effect of Sc is to directly add the required Sc amount into 

commercial alloys available in the market. However, studies of Sc interactions within such a 

system are likely to become more complex due to the presence of main alloying elements along 

with some trace elements added for various purposes (such as Mn, Ti, Zr, etc.)  
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In the approach herein, model alloys of Al-Si were studied in order to determine the effects of 

Si on Sc-containing phases. Laboratory scale casting of compositions similar to industrial 

alloys and subsequent thermo-mechanical processing has been conducted to form wrought 

alloys in sheet form.   

In order to achieve the main objective, the following tasks were conducted: 

1. Alloy design:  

• Selection of Al-Si-Sc model alloy compositions based on current knowledge from 

literature, thermodynamic databases, and commercially available alloy databases. 

• Development of suitable processing conditions for the thermomechanical processes 

suitable for the selected alloy compositions. 

2. Use of high-end microstructure evaluation techniques: 

• Scanning electron microscopy (SEM) and SEM-energy dispersive spectroscopy 

(EDS): to understand bulk microstructure, intermetallic phases, and primary as well 

as secondary precipitates. 

• TEM and scanning TEM (STEM): to study the micron to atomic level interaction of 

Sc with Si, which results in Sc-containing precipitates.  

• In situ TEM: to study the precipitation mechanisms for Sc-containing phases. 

• Small-angle x-ray scattering (SAXS): to understand precipitation kinetics by 

quantifying diameter, number density, and volume fraction of precipitates. 

• Atom probe tomography (APT): to understand the composition within nano-sized 

(Al,Si)3Sc precipitates.  

• Precession electron diffraction (PED): to understand local strain fields at nano-scale 

due to the presence of coherent (Al,Si)3Sc precipitates in the α-Al matrix. 

3. Evaluation of bulk properties: 
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• Hardness: to understand the hardness evolution of the alloys as a function of chemical 

composition and processing conditions.  
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4 Experimental procedures 

This chapter provides details on the design of Al-Si model alloys with and without Sc addition, 

their manufacturing, and various characterisation techniques utilised to understand their 

properties and microstructure. 

4.1 Alloy composition and heat treatment design 

4.1.1 Alloy compositions 

Many commercial 6xxx series Al-alloys have Si content up to 0.8 wt. % to get improved fluidity 

and ductility during the casting process. Literature indicated that the maximum safe limit for 

Si addition in the Al-Sc alloys is 0.15 wt. % Si to avoid the formation of Sc-containing 

deleterious phases [7]. Hence, Si concentration used in this study was 0.1, 0.4, and 0.8 wt. % 

in order to cover both safe and unsafe Si addition. The higher level of Si content was used in 

order to match that with the conventional AA6xxx series alloys. The Sc-free Al-Si alloys were 

produced in order to compare the effect of Sc-addition in Al-Si alloys. 

The maximum solid solubility of Sc in α-Al at eutectic temperature is 0.33 wt. %, as shown in 

Figure 4.1. It has been known that Al-Sc alloys have improved quench sensitivity [23], and 

hence a slow solidification rate of cast ingots in the mild steel mould was considered to be 

enough to get the required saturated solid solution of Sc in the α-Al matrix. However, due 

consideration was given to the fact that, upon solidification, a complete solid solution of Sc in 

α-Al might not be possible if the additions are made close to the maximum solubility limits. 

Therefore, a slightly reduced Sc concentration of 0.3 wt. % was used for all the three Sc-

containing Al-Si model alloys. The Sc content was still on the higher side in order to maximise 

the Si and Sc interaction effects. 
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Figure 4.1: Al-rich end of the Al-Sc binary phase diagram calculated using ThermoCalc®. 

The six alloys designed for this study with their nominal compositions are given in Table 4.1. 

Table 4.1: Nominal composition of the model Al-alloys. 

Model alloy system Nominal composition (wt. %) 

Sc-free alloys 

Al-0.1Si 

Al-0.4Si 

Al-0.8Si 

Sc-containing alloys 

Al-0.1Si-0.3Sc 

Al-0.4Si-0.3Sc 

Al-0.8Si-0.3Sc 
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4.1.2 Heat treatment design 

The equilibrium pseudo-binary phase diagrams were constructed using PANDAT® software, 

version 2012.1.1 from CompuTherm, LLC, USA as well as ThermoCalc® software, based on 

the TCAL-4 thermodynamic database. The software aided in predicting probable phases and 

designing heat treatments for the Sc-free and Sc-containing alloys.  

The binary phase diagram of Al-Si as constructed using PANDAT® is represented in Figure 

4.2. It can be seen that the solubility of Si in α-Al solid solution increases with increasing Si 

concentration and temperature. This indicates that the alloys with selected Si concentrations 

can be heated above the solvus line to get a single-phase α-Al solid solution rich in Si content 

and upon ageing below the solvus line, a hardening effect can be achieved due to precipitation 

of Si. Homogenization at 600 °C for 12 h holding time was found to be best for AA4006 alloy 

(Al-0.86 wt. % Si) and hence similar treatment can be employed for the Al-Si model alloys in 

this study [93]. 

 

Figure 4.2: Al-rich end of the Al-Si binary phase diagram calculated using PANDAT®. 



Chapter 4 

 

33 
 

In Sc-containing alloys, the phase diagram constructed using PANDAT® could not calculate 

the V-phase (AlSi2Sc2) possibly due to the database limitation of the software. On the other 

hand, ThermoCalc® predicted the stable regions for binary Al3Sc and the ScSi phases, however, 

the software was unable to predict the ternary V-phase shown in Figure 4.3. In contrast, the 

formation of V-phase was reported in Al-Si-Sc alloys in previous literature [57,94]. In order to 

design the heat treatment parameters for the Sc-containing alloys, the ScSi phase stability 

region was assumed to be equivalent to the V-phase formation region. 

The solvus line of Si remains unchanged with Sc-addition. However, a single-phase α-Al solid 

solution can only be obtained above 648 °C for Si content up to 0.21 wt. % making 

homogenisation treatment of Al-Si-Sc alloys practically difficult without increasing the risk of 

local melting. Thus, a low-temperature homogenisation treatment called ‘pre-heat treatment’ 

was employed in the case of Sc-containing alloys to precipitate out the L12 structured 

(Al,Si)3Sc phase without obtaining a saturated solid solution of elements in the α-Al matrix. 

Due consideration to the thermal stability of Al3Sc phase was given. It is known that when 

exposed to a temperature higher than 400 °C, Al3Sc precipitates do experience coarsening and 

coherency loss [25]. At 350 °C, some degree of softening, as a result of Al3Sc precipitate 

growth and coherency loss, was seen when exposed for a prolonged time [13,25,26,53,54]. 

Therefore, a pre-heat treatment at 350 °C for a short duration was considered to be the limiting 

treatment for Sc-containing Al-alloys and is indicated by a horizontal dotted purple line in 

Figure 4.3. The recrystallization temperature of Al-0.25Sc is 575 °C [55], giving a larger 

window of operating temperature for hot rolling in the case of Sc-containing Al-Si alloys. 
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Figure 4.3: Al-rich end of the pseudo-binary Al-Si phase diagram with 0.3 wt. % Sc calculated 

using ThermoCalc®. 
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4.2 Processing of alloys 

In order to study the interactions between Si and Sc, the model alloys were made in the wrought 

form as it is the most common form of the Al-alloys for high strength automotive and aerospace 

applications. For the thermomechanical processing, a rolling practice has been included 

depending on the availability of the lab-scale rolling facility. The pre-heat treatment to cast 

ingots and the final solutionising ageing heat treatments applied to the rolled sheets were 

performed since heat treatment optimisation is an important aspect of the Sc-containing alloy 

development. The conventional metallurgical processing route given in Figure 4.4 was adopted 

for the alloys to form sheets. 

 
Figure 4.4: Block flow diagram for Al-Si-(Sc) alloys processing sequence. 

4.2.1 Ingot casting 

All six alloys were cast using a lab-scale gravity die casting facility as per the alloying additions 

mentioned in Table 4.2. The raw material in their required quantity was added in graphite 

crucible which was then heated up to 720 °C in a muffle furnace shown in Figure 4.5 (a) to 

form a liquid melt. An intermittent stirring of the liquid melt for 1 minute was done by the use 

of a graphite rod and dross was skimmed from the top of the liquid melt. The liquid melt at 720 

°C after a holding time of 30 minutes was poured into a rectangular-shaped mild steel mould 

of dimensions 150 × 50 × 10 mm maintained at room temperature as shown in Figure 4.5 (b). 

The solidified cast ingots of weight 300 gm were then cooled in the water bath maintained at 

room temperature within a quench delay of 10 seconds and are shown in Figure 4.5 (c). The 

casting process parameters were kept similar for all the cast ingots and are given in Table 4.3. 

The actual chemical composition of all the six alloys was tested in the as-cast condition using 

inductively coupled plasma – optical emission spectroscopy (ICP-OES) and is given in Table 

Casting
Homogenisation / 

Pre-heat treatment
Hot rolling Cold rolling Solutionising Aging
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4.2. It can be seen that the actual composition does not exactly match with the target 

composition likely due to the use of a lab-scale basic facility for alloy casting and a more 

sophisticated facility with precise control on casting process parameters can result in a 

composition closer to the target composition of alloys.  

Table 4.2: Raw material additions to the respective alloy ingots and actual chemical 

composition of the alloys measured using ICP-OES. 

Nominal composition 

(wt. %) 

Pure Al 

(gm) 

Pure Si 

(gm) 

Al-2Sc master 

alloy (gm) 

Actual composition 

(wt. %) 

Si Sc Al 

Al-0.8Si 297.6 2.4 0 0.83 -- Balance 

Al-0.8Si-0.3Sc 252.6 2.4 45 0.86 0.20 Balance 

Al-0.4Si 298.8 1.2 0 0.43 -- Balance 

Al-0.4Si-0.3Sc 253.8 1.2 45 0.48 0.25 Balance 

Al-0.1Si 299.7 0.3 0 0.13 -- Balance 

Al-0.1Si-0.3Sc 254.7 0.3 45 0.14 0.32 Balance 

 

Figure 4.5: (a) Muffle furnace used for the melting of raw materials, (b) liquid metal being 

poured into the rectangular-shaped mild steel mould, (c) Al-Si-(Sc) cast ingots after cooling. 
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Table 4.3: Gravity die casting process parameters. 

Sr. No. Casting parameter Value 

1 Melt temperature (°C) 720 

2 Liquid metal hold time (minutes) 30 

3 Stirring time (minutes) 1 

4 Pouring temperature (°C) 720 

5 Ingot size (L × W × T)* (mm) (150 × 50 × 10) 

*L: length; W: Width; T: Thickness 

4.2.2 Homogenisation / pre-heat treatment of cast ingots 

The Sc-free Al-Si alloys were homogenised at 600 °C for 16 h in a salt bath furnace followed 

by water quenching with a quench delay of less than 10 s. 

The homogenisation treatment is referred as ‘pre-heat treatment’ for the Sc-containing alloys 

since an effective homogenisation of the microstructure is probably not achieved due to the 

selection of lower heat treatment temperature for these alloys as compared to that for Sc-free 

alloys. To find the optimum pre-heat treatment time for the Sc-containing alloys, few trials at 

250 °C, 300 °C, and 350 °C temperature, each with varying treatment time (0.5, 1, 2, 4, 8 h) 

were conducted on the Al-0.1Si-0.3Sc alloy. In order to restrict the coarsening of (Al,Si)3Sc 

dispersoids, the shortest feasible holding time of 0.5 h at 350 °C corresponding to the peak 

hardness of the alloy, was selected and utilised for the pre-heat treatment of other Al-Si-Sc 

alloys. Thus, the three Sc-containing alloys were pre-heat-treated at 350 °C for 0.5 h in a salt 

bath furnace followed by quenching in a water bath maintained at room temperature within a 

quench delay of 10 s.  
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4.2.3 Hot and cold rolling of ingots 

All the homogenised / pre-heat-treated alloy samples were hot-rolled at 350 °C down to 4 mm 

and then cold-rolled down to 1 mm using a Buehler four-high lab-scale rolling mill facility 

shown in Figure 4.6 (a). The rolls were cold during the hot rolling passes. A separate muffle 

furnace was used to heat the samples between each pass at the desired temperature of 350 °C 

for a soaking duration of 10 minutes. The rolling schedule was performed only once and is 

given in Table 4.4. All the alloys were formed easily during the rolling and no rolling defects 

were observed during the processing (refer Figure 4.6 b). 

 

Figure 4.6: (a) Buehler four-high lab-scale rolling mill used for hot and cold rolling of ingot 

samples, (b) the rolled sheet of Al-Si-(Sc) alloys. 
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Table 4.4: Hot and cold rolling process parameters. 

Process 
Rolling 

speed (rpm) 

Temperature 

(°C) 

No. of 

passes 

% reduction 

in each pass 

Initial 

T* (mm) 

Final T* 

(mm) 

Hot 

rolling 
68 350 4 

1st pass: 18 

2nd pass: 22 

3rd pass: 29 

4th pass: 20 

11 mm 4 mm 

Cold 

rolling 
68 

Room 

temperature 
3 

1st pass: 25 

2nd pass: 33 

3rd pass: 50 

4 mm 1 mm 

*T: Thickness 

4.2.4 Solutionising and ageing of sheets 

In order to study the Si and Sc interactions and to form the deleterious V-phase, a higher 

solutionising temperature was selected for the Sc-containing alloys having a medium (0.4 

wt. %) and high (0.8 wt. %) Si content. Differing solutionising temperatures were used for the 

two alloys depending on Si concentration. The solutionising temperatures utilised were just 

above the solvus line i.e. 550 °C, and 450 °C for Al-Si-Sc alloys with 0.8 wt. % Si, and 0.4 

wt. % Si respectively (refer phase diagrams in Figure 4.3). The ageing treatment at 250 °C with 

varying soaking time was performed subsequently to produce sheets of T6 temper (i.e. solution 

heat-treated and artificially aged condition). 

Table 4.5: Solutionising and ageing process parameters. 

Alloy composition (wt. %) Solutionising cycle  Ageing cycle  

Al-0.8Si-0.2Sc 550 °C / 0.5 h 250 °C for 0.5, 1, 2, 4, 8, 24 h 

Al-0.4Si-0.25Sc 450 °C / 0.5 h 250 °C for 0.5, 1, 2, 4, 8, 24 h 
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The solutionising treatment was performed in a salt bath furnace followed by water bath 

quenching at room temperature within a quench delay of 10 seconds. All the samples were 

naturally aged for 3 days before the artificial ageing. The ageing treatment was conducted in a 

muffle furnace with an air atmosphere followed by air cooling. 

The entire processing sequence for the alloys has been illustrated in Figure 4.7.  

 
Figure 4.7: Schematic of processing sequence and process parameters followed for Al-Si-(Sc) 

alloys. 
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4.3 Characterisation techniques used 

Various characterisation techniques were used to evaluate the Al-Si-(Sc) alloys in various 

processing conditions for their properties as well as related microstructural characteristics. 

4.3.1 Hardness testing 

Bulk hardness measurements were conducted using Struers® Duramin A-300 Vickers hardness 

tester. The samples for measurement were cut at the centre from the cast ingots as well as rolled 

sheets. The measurements were conducted at the centre of the cross-section to eliminate any 

associated surface hardening effects. The sample surface was polished on both sides of the 

alloy sheet using silicon carbide (SiC) emery paper up to 800 µm before measurements. 

Hardness values were taken at 7 different locations at 1 kg applied load. The hardness was 

plotted for the average of the 7 measurements and error bars represent the standard deviation 

calculated for these measurements for each sample.  

4.3.2 Microstructure analysis 

Scanning electron microscopy 

The bulk samples for microstructure study were cut from the centre of the cast ingots as well 

as rolled strips using slow speed saw cutting machine and polished using 1200 µm SiC emery 

papers. Polishing of the sample surface till the mirror finish was achieved using a 3 µm and 1 

µm diamond suspension on Struers® automatic sample polishing machine.  The samples were 

then analysed for the microstructural features using JEOL® 7001F SEM in the secondary 

electron imaging (SEI) mode. The EDS mode was used to assess the chemical composition of 

the phases and the matrix with an uncertainty ranging from 30 to 50%. The SEM was operated 

at a standard operating condition of 15 kV.  

Transmission electron microscopy 

The structural and chemical characterisation of various phases in the alloys was conducted 

using TEM imaging, in situ TEM and PED techniques. The samples were cut from the middle 
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of the ingots and rolled strips to avoid surface and edge defects. The 3 mm discs were punched 

from thin alloy sheets of an initial thickness of 200 µm and then ground to 120 – 170 µm 

thickness. Two techniques were utilised to prepare TEM foils: (1) electropolishing, (2) ion 

milling. The discs were electro-polished with 30% nitric acid – 70% methanol electrolyte at -

30 °C until forming a central hole in the foil. The Struers® Tenupol electro-polishing unit uses 

a twin-jet flow system for the electrolyte. The cell voltage was 12.7 V, the current was 180-

190 mA and approximate electro-polishing time was 3 to 4 minutes depending on the foil 

thickness. The ion milling was done using Gatan® 691 precision ion polishing systems at -

100 °C. 

The thin foil samples were then observed in the bright-field (BF) and dark-field (DF) modes 

using FEI® Tecnai G2 T20 TEM and FEI® Tecnai G2 F20 STEM operated at 200 KV. 

Additionally, high-angle annular dark-field (HAADF)-STEM image mode was utilised. All the 

images were analysed using Digital Micrograph software. The EDS mode was used to 

understand the elemental analysis using a Bruker® Quantax 400 detector in the FEI® Tecnai G2 

F20 STEM. To study the crystal structure characteristics of the phases, the Crystal Maker® 

software was utilised. 

In situ TEM heating 

For the in situ TEM heat treatment experiments, a JEOL® 2100 LaB6 TEM was utilised. 

Specimens were prepared by ion milling 3 mm diameter discs of 45 µm thickness using a 

Fishione Model 110. The heating was conducted using a Gatan® heating holder model 628 

which utilises the electrical heating system. The microstructures were recorded in situ via a 

Debut digital screen capture software using a Gatan® Orius 832 fiber optic 10.7-megapixel 

CCD detector. 
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Local strain field mapping 

The strain distributions in the TEM foils at the nanometer scale were measured using PED 

NanoMEGAS® DigiSTAR™ system on a JEOL® 2100 F TEM. Appropriate specimen areas of 

size 100 × 100 nm2 and 50 × 50 nm2 containing nano-scale (Al,Si)3Sc precipitates were selected 

for measurements with a scan step size of 1 nm and 0.5 nm respectively. The strain analysis 

was conducted using a Topspin® software package.  

4.3.3 X-ray diffraction (XRD) 

Samples of 20 × 20 × 10 mm dimensions were polished using SiC emery paper until 800 µm 

for XRD analysis. The XRD equipment with a Cu Kα radiation at 40 kV and 40 mA of Bruker® 

D8 Advance - DAVINCI design was utilised for conducting the scans. The 2θ range used was 

5 ° to 80 ° with a step size of 0.015 °. The international centre for diffraction data (ICDD) PDF-

4 + 2018 RDB database with an analytical software Bruker® DIFFRAC.EVA V4.3 was utilised 

for the analysis of phases. 

4.3.4 Small-angle x-ray scattering (SAXS) 

Thin samples of size 9 × 9 µm were cut from the middle of the ingot samples using a low speed 

saw cutting machine along the transverse section. The samples were then manually thinned 

down to ~ 75 µm thickness with a SiC emery paper of 800 µm size. The SAXS instrument of 

Bruker® N8 Horizon with Cu microbeam radiation and Vantec-500 2D detector was utilised. 

The data analysis was conducted using Bruker® DIFFRAC.SAXS V1.0 software. For 

simplicity, all the precipitates were considered to be spherical. Initially, Porod and Laue 

corrections for the background noise were done to the imported raw data [95]. The Guinier plot 

was used to estimate the Guinier radius (Rg) and the nano-precipitate radius (R). The slope of 

the linear part of the Guinier plot equals to [95], 

𝑅𝑔
2

3
, and 𝑅𝑔 = √

3

5
  R          Equation 1 
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The values of qmin Rg to qmax Rg were maintained between 0.87 to 2.58 to have consistency 

between different samples while comparing. Here, q is the amplitude of the scattering vector. 

The Kratky plots ( Iq2 vs q) were used to compare the precipitate volume fractions [95] where 

an integrated area under the curve, also known as the invariant (Q), was calculated first, which 

was then utilised to estimate the volume fraction (fv) of the precipitates using the equation, 

Q = 2π2 (ρp – ρm)2 fv (1-fv)         Equation 2 

Where ρp and ρm are the scattering length densities of precipitates and matrix respectively. To 

calculate ρp, the presence of Si in the precipitate was ignored to simplify the calculations. Thus, 

ρp was calculated using, 

ρp = ¼ (3ρAl + ρSc)          Equation 3 

where, ρAl was 22.437*10-6 Å-2 and ρSc was 24.071*10-6 Å-2 for the x-ray source. The (Al,Si)3Sc 

precipitate number density (N) was calculated from the estimated radius and volume fraction 

of the precipitates using, 

N = 
3𝑓𝑣

4𝑅3           Equation 4 

4.3.5 Atom probe tomography 

Thin needle samples were first wire cut from the middle of the ingot samples using the electron 

discharge machining (EDM) technique to a cross-section of 300 × 300 µm and a length of 1 

cm. The electropolishing of the needles was then carried out in two stages at room temperature 

using the Struers® Lectropol 5 electrolytic polishing unit. The first stage of electropolishing 

was done using an electrolyte composed of 33% nitric acid and 67% methanol at a cell voltage 

of 7-10 V. The second stage of electropolishing was conducted using 2% perchloric acid and 

98% methanol solution at a cell voltage of 10-20 V under an optical microscope. The APT was 

carried out on a CAMECA® LEAP 4000 HR™ instrument at a pulse rate of 200 kHz, a 

temperature of 25 K, and a pulse fraction of 20%. The three-dimensional atom probe (3DAP) 
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reconstruction of the acquired data was done using IVAS™ 3.8.2 software. The default image 

compression factor of 1.40 and the default electric field factor of 4.3 was used. 
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5 Design and development of Sc-containing Al-Si alloys 

5.1 Synopsis 

This chapter is focused on the details of the design and manufacturing of Sc-containing and 

Sc-free Al-Si alloys. Phase diagrams to predict the possible phases that can form in the 

solidified microstructure during the casting process for the respective alloys was carried out 

with the aid of ThermoCalc®. The thermomechanical processing of all the cast ingots was done 

in accordance with the wrought aluminium semi-products to make rolled sheets of F-temper. 

The temperatures for heat treatments and hot rolling were designed considering the phase 

diagrams for the respective alloys. The alloys were then characterised for the bulk hardness 

and microstructure analysis. The Sc-containing Al-Si alloys showed an average 30% 

improvement in the hardness results as compared to that of the Sc-free Al-Si alloys, which was 

correlated to the microstructural observations. The coherent (Al,Si)3Sc nano-precipitates were 

formed during the low-temperature homogenisation treatment at 350 °C for 30 minutes in the 

case of the Al-Si-Sc alloys. These nano-precipitates retained their coherency with the α-Al 

matrix during the subsequent thermomechanical processing and was seen to be the main 

attribution to the increased hardness.  
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In a number of aluminium (Al) alloys to date, scandium (Sc) 

additions have revealed a significant and beneficial effect 

on strengthening, even when added in small quantities. 

However, the strengthening response of the ternary Al-Si-

Sc alloy system has been hampered by an apparent 

unfavourable interaction between silicon (Si) and Sc; 

forming the deleterious V-phase (AlSc2Si2) and thus limiting 

the allowable Si-content to ~ 0.15 wt.%. In this study, phase 

diagrams were calculated using CALPHAD and utilised to 

design Al-Si-Sc alloy compositions and heat treatment 

parameters. The Al-Si-Sc alloys were processed using a 

conventional route of wrought aluminium semi-products. A 

hardness improvement of up to 30% was achieved for the 

alloys containing Si as high as 0.8 wt.% in the F-temper. The 

improved hardness was mainly attributed to the 

homogeneously distributed, coherent, (Al,Si)3Sc nano-

dispersoids in the α-Al matrix formed during a low 

temperature annealing treatment and retained in the F-temper 

condition. 
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Introduction 

 

The conventional AA6xxx series (Al-Mg-Si) alloys are most 

widely used due to their good corrosion resistance and 

moderate strength. Traditionally strength improvement in 

AA6xxx alloys is achieved by addition of copper (Cu) [1], 

however, Cu is associated with degradation in corrosion 

performance. On the other hand, studies indicate that alloying 

with Sc in small quantities has a potential to achieve signif- 

icantly higher strength in commercial Al-alloys while main- 

taining corrosion resistance [2, 3]. The improved strength in 

Al-alloys due to the addition of Sc is principally attributed to 

the formation of coherent and homogeneously distributed, 

Al3Sc nano-dispersoids with an optimum precipitate size  of 

1.5 nm in the alloy matrix [4, 5]. As a result, Sc-containing 

(and therefore Sc-enhanced) Al-Mg alloys known as Scal- 

malloy®, Al-Zn-Mg alloys (AA1970, AA1975) and Al-Mg-Li 

alloys (AA1421, AA1422, AA1424) have been developed. On 

the contrary, very little work has been reported in the 

development of Sc-containing Al-Si and Al-Si-Mg alloys; not 

only due to the cost implications resulting from the addition 

of Sc, but the detrimental effects of Si on beneficial Sc-bearing 

phases [6]. A complete review of the Al-Sc literature can be 

found in [7]. In the case of Al- Si-Sc alloys, the V-phase 

(AlSc2Si2), Al3Sc and Si phases are found to be in equilibrium 

with α-Al solid solution [8]. The intermetallic V-phase is 

known to be a deleterious phase resulting in the degradation 

of mechanical properties leading to a recommended maximum 

Si addition of 0.15 wt.% in these alloys [6]. As opposed to this, 

both the V-phase and the non-coherent Si precipitates were 

reported to be enhancing the strength of Al-9.72Si-0.45Sc cast 

alloy during ageing at 200 °C for 2–4 h [9]. 

Superior strengthening was found in the case of dilute addition 

of Si (0.02–0.06 at.%) to Al-Sc alloys [10–12]. These alloys 

show the decomposition phase upon ageing to be L12 

structured coherent (Al,Si)3Sc dispersoids. The composition 

of these dispersoids was measured as
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Al—25 at.% Sc—6 at.% Si using Atom Probe Tomography 

(APT). Silicon was found to be uniformly distributed 

throughout the dispersoid without any segregation at the 

interface [13]. The shear modulus of 62.64 GPa was calcu- 

lated for (Al,Si)3Sc dispersoids  as  against  that  of  Al  (26.1 

GPa) indicating that a good strengthening effect can be 

achieved with the homogeneous distribution of these dis- 

persoids in Al-matrix. The calculations also showed that the 

(Al,Si)3Sc dispersoid was less brittle than Al3Sc [12]. The 

precipitation rate, as well as the coarsening rate, was appeared 

to be faster in case of (Al,Si)3Sc dispersoids than that of Al3Sc 

dispersoids [10, 11], which was mainly attributed to the 

reduced Sc migration energy. The calculations further 

confirmed that the substitution of Si at Al sub-lattice sites in 

the Al3Sc precipitate forming the more relaxed (Al,Si)3Sc 

precipitate was most favourable; this also accelerated the 

precipitation kinetics of Sc in (Al,Si)3Sc precipitates [10, 11, 

13]. Recent work showed that the presence of 0.6 wt.% Si 

resulted in the formation of (Al, Si)3Sc during casting. The 

content of Si in the dispersoids was also found to decrease as 

a function of ageing time which confirms that Si mainly plays 

a role during the nucleation and early ageing stages [14]. 

To date, the success for the Sc-addition to Al-alloys was 

achieved for Al-Mg-Sc and Al-Zn-Sc since Mg and Zn in 

respective alloys do not react with Sc. On the other hand, due 

to unfavourable Si-Sc interactions, although Si is a major and 

traditional alloying addition to most Al-alloys, the Al-Si-(Mg)-

Sc alloys were hardly studied. The scarce studies on Al-Si-Sc 

alloy systems are conducted with Si levels lesser than 0.1 wt.% 

[10, 13]. However, most industrially relevant wrought Al-

alloys have a Si content of 0.6–0.8 wt.% and there exists 

limited approaches to mitigate the formation of V-phase. This 

work deals with Al-Si-Sc alloys with Si-content up to 0.8 wt.% 

to get improved hardening effect due to (Al,Si)3Sc 

dispersoids. 

Experimental Procedures 

 

Alloy Compositions 

 

Commercial AA6xxx alloys have Si content up to ~ 0.8 wt.% for 

improved fluidity during casting, and balanced ductility in the 

final form. The literature indicates 0.15 wt.% Si as the 

maximum ‘safe’ limit for Al-Sc-Si alloys to avoid Sc-Si 

interactions  [6].  Hence,  Si  concentration  of  0.1,  0.4 and 

0.8 wt.% were used in the alloys in order to cover both so-

called safe and unsafe Si-content. A Sc-concentration  of 0.3 

wt.% was chosen for all the three Sc-containing Al-Si alloys. 

Table 1 gives the chemical composition for all the six alloys 

under study which were tested using Inductively Coupled 

Plasma-Optical Emission Spectroscopy (ICP-OES) in the as-

cast condition. 

 
 

Processing of the Alloys 

 

All the alloys were prepared using a 99.86 wt.% pure Al, pure 

Si and Al-2 wt.% Sc master alloy. The alloys were cast using a 

lab-scale casting facility into a rectangular shaped mild steel 

mould of size 150 × 50 × 10 mm from a superheat temper- 

ature of 720 °C and were then cooled in a water bath main- 

tained at room temperature. The Sc-free Al-Si alloys were 

homogenised at 600 °C for 16 h in a salt bath furnace fol- 

lowed by water quenching with a quench delay of less than 10 

s. In the case of Sc-containing Al-Si alloys, the optimised heat 

treatment cycle of 350 °C for 30 min holding time was 

conducted in order to form (Al,Si)3Sc nano-dispersoids. 

All the homogenised ingots were hot rolled at 350 °C from 10 

mm thickness until 4 mm and then subsequently cold rolled to 

form F-temper sheets of 1 mm thickness. The schematic 

representation of the processing route is given in Fig. 1. 

 

 

Table 1 Chemical composition 

for the six alloys under study 

measured using ICP-OESa 

 

Model alloy system Nominal composition (wt.%) Si Sc Al 

wt.% at.% wt.% at.% wt.%, at.% 

Sc-free alloys Al-0.1Si 0.13 0.13 – – Balance 

Al-0.4Si 0.43 0.42 – – Balance 

Al-0.8Si 0.83 0.80 – – Balance 

Sc-containing alloys Al-0.1Si-0.3Sc 0.14 0.14 0.32 0.19 Balance 

Al-0.4Si-0.3Sc 0.48 0.46 0.25 0.15 Balance 

Al-0.8Si-0.3Sc 0.86 0.83 0.20 0.12 Balance 

aAll the alloys had iron (Fe) content of 0.08 wt.% (0.04 at.%) 
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Fig. 1 Processing parameters and sequence followed for all the alloys 

 

Equilibrium Phase Prediction Using CALPHAD 

 

The equilibrium phase diagrams for the alloys under study 

were constructed using ThermoCalc™ with the use of the 

TCAL-4 thermodynamic database. In order to understand the 

effect of actual Si and Sc-content on the phases formed in the 

model alloy systems, the equilibrium phase fractions were also 

calculated against the solidification temperatures for all the 

three Sc-containing alloys. Further, the equilibrium phase 

fractions in Al-Si-Sc alloys at 350 °C were analysed. 

 
 

Characterisation Techniques 

 

Bulk hardness measurements were conducted using Struers 

Duramin A-300 Vickers hardness tester. The sample surface 

was polished on both the sides up to 800 µm prior to mea- 

surements. Hardness values were taken at 10 different spots at 

1 kg applied load and then averaged. The analysis of phases 

was conducted using SEI (Secondary Electron Imaging) and 

EDS (Energy Dispersive Spectroscopy) modes of JEOL 

7001F™ SEM (Scanning Electron Microscope). The samples 

for TEM (Transmission Electron Microscope) were prepared 

by manual thinning to 120–170 µm thickness followed by 

punching of 3 mm discs. The discs were then electro-polished 

with 30% Nitric acid–70% Methanol electrolyte at −30 °C 

until the formation of a central hole in the foil. The Struers 

Tenupol 5™ electro-polishing unit uses a twin-jet flow system 

for the electrolyte. The cell voltage was 12.7 V, the current was 

180–190 mA and approximate electro-polishing time was 3–

4 min depending on the foil thickness. The thin foil samples 

were then observed in BF (Bright Field) mode using FEI 

Tecnai G2 T20™ TEM at 200 kV at Monash Centre for 

Electron Microscopy (MCEM). 

 
 

Results and Discussion 

 

Phase Diagrams 

 

The binary phase diagram of Al-Sc in Fig. 2a indicates that 

the maximum solubility of Sc in Al at the temperature of 

eutectic transformation is ~ 0.33 wt.%, a eutectic composi- 

tion is 0.5 wt.% Sc, and the solidification has a very narrow 

 

 
(a) (b) 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 
 

Fig. 2 Calculated Al-rich side of the a binary phase diagram of Al-Sc system, b pseudo-binary Al-Si system for constant 0.3 wt.% Sc 
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range. The equilibrium, coherent Al3Sc (Scandium Alu- 

minide) phase is directly formed during a eutectic reaction 

occurring at 660 °C [15]. The Sc-content chosen for the alloys 

in this study is 0.3 wt.% which is a slightly reduced 

concentration than the maximum solubility limit of Sc in 

α-Al. From Fig. 2a and b, it can be seen that the Al3Sc solvus 

temperature of 648 °C remains unchanged with the addition 

of Si and the vice versa is not true [16]. Thus, homogenisation 

of Al-Si-Sc alloys is practically difficult without increasing 

risk of local melting. Hence, a low-temperature 

homogenisation treatment of these alloys will be just enough 

to form (Al,Si)3Sc nano-dispersoids. The recrystallization 

temperature of Al-0.3Sc alloy is 580 °C [6], giving a larger 

window of operating temperature for hot rolling for these 

alloys. 

Equilibrium Phase Analysis in Sc-Containing Al-Si 

Alloys 

 

The amount of Al9Fe2Si2 intermetallic phase is similar in all 

the three alloys due to similar Fe-content  as  shown  in  Fig. 

3a–c. The other Fe-rich phases (Al8Fe2Si and Al13Fe4) are not 

stable at temperatures lower than 450 °C. The amount of pure-

Si phase depends on the Si-content in the alloy. The stable 

Al3Sc primary phase is only present in the alloy with low Si-

content (0.1 wt.%). Conversely, the ScSi intermetallic phase 

is higher in alloys with high Si-content (0.4 and 0.8 wt.%). 

The variation in the amount of the equilibrium phases at 350 

°C (the homogenisation treatment temperature) with changing 

Sc to Si ratio for the three Sc-containing alloys is 
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Fig. 3 Calculated equilibrium phase fractions a in Al-0.8Si-0.2Sc-0.08Fe b in Al-0.4Si-0.25Sc-0.08Fe c in Al-0.1Si-0.3Sc-0.08Fe model alloys and d 

with respect to Sc:Si ratio in Al-Si-Sc alloy system at 350 °C



Optimised Composition and Process Design to Develop Sc … 

 

51 
 

· 

given in Fig. 3d. Both pure Si and ScSi phases are non-

hardening phases. The phase contributing to the hardening 

effect is expected to be secondary (Al,Si)3Sc and cannot be 

predicted with this calculation. The amount of nano-sized 

secondary (Al,Si)3Sc hardening phase will be dependent on 

the amount of Sc available in the α-Al solid solution. The 

presence of ScSi and primary Al3Sc particles will consume 

some of the required Sc leaving lower Sc-content in the solid 

solution of these alloys. 

 
 

Hardness Results 

 

The hardness of all Sc-containing alloys is higher than that of 

respective Sc-free alloys at all stages of processing as shown 

in Table 2 and Fig. 4. The as-cast hardness for Sc-containing 

alloys was 40–60% higher than that of the alloys without Sc 

mainly due to the solid solution strengthening effect of Sc 

[17]. Upon low-temperature homogenisation treatment, the 

hardness of Sc-containing alloys was increased by 30–68% as 

compared to their as-cast condition. 

The strain-hardening behaviour of alloys depends on the 

amount of strain and deformation temperature [18, 19], which 

in this case was kept similar for all the alloys studied. Alloy 

Al-0.1Si-0.3Sc do not show any hardening effect during 

rolling (refer Fig. 4) probably due to the very low level of Si-

content and due to the presence of a large number of (Al,Si)3Sc 

dispersoids which have been reported to show sluggish strain-

hardening response [19]. In the case of Sc-free alloys, 

comparatively a stronger strain hardening effect was seen 

during rolling. 

Microstructure Analysis 

The predicted equilibrium phases were also found to be 

present in all the alloys when studied using SEM-EDX in the 

as-cast condition. In the Sc-containing alloys, heterogeneous 

distribution of (Al,Si)3Sc nano-sized dispersoids was also 

observed which might have been formed due to 

discontinuous precipitation during casting [20, 21]. The 

higher hardness observed in the Sc-containing alloys in the as-

cast condition might be also due to these (Al,Si)3Sc 

dispersoids. 

All the Sc-free alloys show a completed homogenisation due 

to very high homogenisation temperature (600 °C). On the 

other hand, due to low-temperature homogenisation of Sc-

containing alloys, sub-micron sized Si-precipitates shown in 

Fig. 5a were formed in the  presence  of  primary  Si  (Fig. 5b), 

coarse ScSi and Al9Fe2Si2 intermetallics at the dendrite 

boundaries (Fig. 6). 

The low-temperature-homogenised Sc-containing alloys were 

further examined using TEM to study nano-sized (Al, Si)3Sc 

dispersoids. A large number density of (Al,Si)3Sc dispersoids 

was formed in all Al-Si–Sc alloys as shown in Fig. 7a along 

[100] zone axis. The coffee-bean shaped dispersoids   in   Fig. 

8b   have   two   arcs   and   a   central  no strain-contrast line 

normal to g · [1̅11̅] as shown by Ashby and Brown (AB) 

strain contrast method. The AB contrast confirmed that the 

dispersoids are coherent with the α-Al matrix [4, 22, 23]. The 

Fast Fourier Transform (FFT) image 
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Fig. 4 Hardness evolution of Sc-free and Sc-containing Al-Si alloys with 
respect to processing stages 

 
Table 2 Vickers microhardness 

values for the alloys in four 

different processing conditions 

Model 

alloy 

system 

Nominal 

composition 

(wt.%) 

Vickers hardness (HV1) 

Cast Homogenised Hot rolled Cold rolled 

Sc-free alloys Al-0.8Si 31.3 ± 1.68 31.7 ± 0.74 48.2 ± 1.47 54.3 ± 2.22 

Al-0.4Si 25.0 ± 0.90 30.2 ± 3.04 49.9 ± 2.31 58.4 ± 1.38 

Al-0.1Si 24.0 ± 0.83 25.7 ± 0.89 43.6 ± 1.84 51.5 ± 1.19 

Sc-containing 
alloys 

Al-0.8Si-0.3Sc 43.7 ± 1.97 56.9 ± 2.05 64.3 ± 2.45 70.5 ± 1.42 

Al-0.4Si-0.3Sc 40.1 ± 1.62 67.4 ± 1.23 70.5 ± 2.28 75.0 ± 2.29 

Al-0.1Si-0.3Sc 39.3 ± 2.27 65.6 ± 6.97 61.0 ± 1.30 60.3 ± 1.80 
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(a) (b) 

 
 

Fig. 5 Secondary electron images of the Al-0.8Si-0.3Sc alloy after 

low-temperature homogenisation treatment at 350 °C for 30 min 

showing a segregation of Si-precipitates and intermetallic phases at 

the dendrite boundaries, b presence of primary Si and corresponding 

energy dispersive spectroscopy maps of Al and Si 

 

 

 
 

Fig. 6 Secondary electron image of intermetallic phases (Fe-rich Al9Fe2Si2 indicated with a darker arrow and ScSi phase indicated with the 

white arrows) found together in Al-0.8Si-0.2Sc alloy after low-temperature homogenisation treatment at 350 °C for 30 min 

Si 

Al 
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Al Si 
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Sc 
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Fig. 7 BF TEM image of (Al, 

Si)3Sc nano-dispersoids in the 

Al- 0.1Si-0.3Sc alloy in 
as-homogenised condition 

a showing large number 

density, b nano-dispersoids 

appear as coffee-bean shaped 

particles due to Ashby-Brown 

strain contrast effect which 

confirms their 
coherency with α-Al matrix and 
the inset image shows an FFT of 

the corresponding micrograph 

(a) (b) 

 

 

 

 

 

 

 

 

Fig. 8 BF TEM images of Al- 

0.1Si-0.3Sc alloy hot rolled at 

350 °C a showing sub-grain 

formations and tangled 

dislocations, b the coherency of 

(Al,Si)3Sc nano-dispersoids is 

retained after the hot rolling. 

Inset image shows a 

corresponding SADP 

(a) (b) 

 

 

 

 

 

 

 

 

 

 

given as an inset in Fig. 7b confirms the zone axis in [011] and 

a lattice distance between the (11 1̅ ) planes of 2.38 Å as 
measured from the FFT spots. 

During hot rolling, the formation of a sub-grain structure with 

regions of large dislocation density has been observed as 

shown in Fig. 8a in all the Sc-containing alloys. The alloys at 

higher magnifications shows that the matrix had a 

homogeneous distribution of nano-sized, coherent (Al,Si)3Sc 

dispersoids along [011] zone as indicated in Fig. 8b.

conditions (F-temper) as compared to Sc-free alloys. The improved 

hardness in the as-cast condition in the case of Sc-containing alloys is 

mainly attributed to the solid solution strengthening effect of Sc and the 

discontinuous precipita- tion of (Al,Si)3Sc nano-dispersoids. The low-

temperature homogenisation    treatment    at    350 °C    for    0.5 h    to 

Sc-containing alloys resulted in the formation of a homo- geneous 

secondary (Al,Si)3Sc nano-dispersoids in the α-Al matrix.  These  

dispersoids  were  retained  during  the  hot rolling process at 350 °C 

and contributed to the hardening  in the case of Sc-containing alloys

   

Conclusion 

 

Scandium containing and Sc-free Al-Si model alloys were 

designed and processed using a conventional metallurgical 

route of wrought aluminium semiproducts with the aid of 

CALPHAD analysis. The Sc-containing alloys possessed 

superior hardness in the cast, homogenised and rolled 
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6 Sc-containing phases in Al-Si-Sc alloys 

6.1 Synopsis 

This chapter develops an understanding regarding the precipitation mechanisms for (Al,Si)3Sc 

and V-phase (AlSc2Si2) phases using ex situ heat treatment and in situ TEM studies of Al-Si-

Sc alloys. Two alloys, namely Al-0.8Si-0.2Sc and Al-0.4Si-0.25Sc were cast and then heat-

treated at 350 °C for 30 minutes to form coherent (Al,Si)3Sc nano-precipitates. The alloys were 

then subsequently rolled and solutionised at 450-550 °C to form the V-phase. The hardening 

effect of (Al,Si)3Sc phase was seen in the pre-heat treated alloys whereas the formation of V-

phase led to the significant softening of the alloys as indicated by the hardness test results. The 

V-phase was studied in detail utilising electron microscopy techniques and the rod-shaped 

morphology was found for the first time along with six new ORs of V-phase with the α-Al 

matrix. The phase transformation studies were conducted using an in situ TEM heating 

technique indicated that the (Al,Si)3Sc phase forms by a continuous precipitation mechanism 

from the supersaturated α-Al solid solution without the formation of any metastable phases. 

Similarly, the in situ TEM heating experiment conducted on the pre-heat-treated Al-0.8Si-

0.2Sc alloy indicated the precipitation of V-phase by a classical nucleation and growth 

mechanism following the dissolution of Si-particles first and then of (Al,Si)3Sc nano-

precipitates.  
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a b s t r a c t   
 

Scandium (Sc) containing Al-Si model alloys were heat-treated at various temperatures to determine the 

interaction between Si and Sc. The (Al,Si)3Sc phase was formed at ~350 °C and V-phase (AlSc2Si2) was 

observed to form at above ~450 °C, as determined from x-ray diffraction and selected area electron dif- 

fraction. Hardening of the alloys was observed due to the formation of coherent, nanoscale (Al,Si)3Sc pre- 

cipitates; whereas significant softening was observed upon the formation of coarse V-phase. Herein, the V-

phase is studied in detail and has for the first time been revealed to have a rod morphology. The Transmission 

electron microscopy (TEM) allowed for the determination of six new orientation relationships (ORs) with the 

α-Al matrix for the V-phase. Additionally, in situ TEM heating experiments at 550 °C revealed that the 

formation of V-phase occurs due to a nucleation and growth mechanism following the dissolution of Si 

particles and nanoscale (Al,Si)3Sc precipitates. 

© 2021 Elsevier B.V. All rights reserved. 

 

 
 

1. Introduction 

 
Owing to their high specific strength, aluminium (Al) alloys 

remain critical materials for automotive and aerospace applications 

[1]. Ongoing efforts to increase the strength of Al-alloys, in addition 

to efforts to extend the balance of properties for Al-alloys, includes 

the broad exploration of alloying [2]. Of particular interest, the 

addition of scandium (Sc) to Al-alloys has resulted in reported 

improvements in room temperature strength [3–5], as well as the 

creep resistance at high temperatures [6–8], without deteriorating 

other properties [9]. The beneficial effects of Sc additions to Al have 

been attributed to the formation of well-dispersed, coherent, L12 

structured Al3Sc nano-sized precipitates [8,10]. Following the 

benefits initially observed in binary Al-Sc alloys, alloying additions 

of Sc have since been evaluated in various ternary and quaternary 

Al-alloy systems, such as the Al-Mg-Sc [11,12], Al-Cu-Sc [13,14] and 

Al-Zn-Mg-(Cu)-Sc-(Zr) [15–17] systems, whereby it was also 

 
⁎ Corresponding author. 

E-mail address: jayshri.dumbre@monash.edu (J. Dumbre). 

 
reported that Sc additions remain beneficial - with such alloys 

having some commercial applications. To date, however, attempts 

to study the role of Sc in so-called 6xxx series (Al-Si-Mg) alloys 

remain scarce, which is in part due to an apparently unfavourable 

interaction between silicon (Si) and Sc, which inhibits the forma- 

tion of the beneficial L12 Al3Sc nano-precipitates. If such an un- 

favourable Si-Sc interaction can be understood, and potentially 

eliminated, the impact in the context of Al-alloy property space 

(namely the strength vs. ductility field) would be significant. This is 

because 6xxx series Al-alloys represent a balance of medium 

strength and high ductility, high corrosion resistance, and are 

readily formable into a variety of shapes [2]. Exploiting beneficial 

additions of Sc to 6xxx-series Al-alloys would allow to further 

improvements in the strength, whilst maintaining other favourable 

properties. 

The commercial Al-alloys always have some amount of Si in 

them. Of the studies reported to date, the presence of lower levels 

of Si in Al-Sc alloys increases the precipitation kinetics associated 

with Sc forming nanoscale Al3Sc precipitates [18–22]. Although the 

nano-precipitates in these alloys are broadly called as Al3Sc, they

https://doi.org/10.1016/j.jallcom.2020.158511 

0925-8388/© 2021 Elsevier B.V. All rights reserved. 
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are most likely (Al,Si)3Sc due to the substitution of Si at Al sub- 

lattice sites, which was found to be more favourable, resulting in 

more relaxed, coherent, L12 structured (Al,Si)3Sc precipitates with a 

composition of Al- 25 at% Sc- 6 at% Si [19–21]. The nano-pre- 

cipitates in this particular study are thus referred to as (Al,Si)3Sc 

throughout this document. A recent study revealed that the sub- 

stitution of Si to Al was on the order of 25% for (Al,Si)3Sc particles 

within the alloy in the as-cast state, which found to be decreasing as 

a function of ageing time [23,24]. The calculated shear modulus for 

(Al,Si)3Sc precipitates is ~2.4 times than that of Al, making such 

precipitates an effective strengthening phase in the Al matrix [25]. 

Calculations suggest that the (Al,Si)3Sc phase is less brittle than 

Al3Sc, suggesting that dilute additions of Si in Al-Sc alloys may result 

in a better balance of mechanical properties than in Si-free Al-Sc 

alloys [19]. In contrast, the formation of a ternary compound, 

AlSc2Si2, also known as V-phase (or less commonly, τ-phase) was 

reported with the addition of Si to Al-Sc alloys in a different study 

[26]. It was therein determined that the evolution of V-phase in the 

Al matrix was accompanied by a decrease in hardness of Al-Sc-Si 

alloys [27]. As a result, it was proposed that Si be limited to a 

maximum of 0.15 wt% in Al-Sc alloys [27]. However, a recent study 

indicated that the hardening can be achieved without the forma- 

tion of V-phase for Al-Si-Sc wrought alloy system having Si content 

as high as 0.8 wt% by optimising the thermomechanical processing 

sequence [28]. In another study, it was reported that the formation 

of both non-coherent Si particles and V-phase, as a result of ageing 

an Al-9.72Si-0.45Sc alloy, contributed to an increase in hardness of 

~ 150 MPa [26]. Additionally, another report revealed that refined Si 

particles and nano-sized V-phase in the hypereutectic Al-(13−22) Si-

0.8Sc alloy prepared by spark plasma sintering had enhanced 

compressive strength without the loss of ductility, also with increased 

wear resistance [29]. Thermodynamically, V-phase is more stable and 

has a lower enthalpy of formation compared to that of  Al3Sc [30]. It has 

been reported that V-phase has slightly higher bulk, shear, and Young’s 

modulus than those of Al3Sc and is naturally brittle [30]. However, V-

phase is anisotropic whereas Al3Sc is isotropic when compared for 

elastic properties [30,31]. These apparently conflicting claims in the 

literature are likely owing to a  lack of understanding regarding the 

formation of V-phase, more generally in the field of Al-alloys. Despite 

the works to date regarding V-phase and any deleterious effect upon 

mechanical properties, there is presently no detailed analysis 

regarding the morphology, structure and chemical  characteristics  of  

V-phase or its formation mechanisms. 

In this work, two Al-Si-Sc model alloys were studied and specific 

heat treatments were performed to form nanoscale (Al,Si)3Sc and V-

phase. Hardness measurements were used to indirectly follow the 

formation kinetics of both phases. Ex situ electron microscopy and 

x-ray diffraction (XRD) techniques were utilised to characterise the 

phases observed, whilst in situ transmission electron microscopy 

(TEM) studies were performed to understand the formation me- 

chanisms for both phases. 

 
 

2. Materials and methods 

 
2.1. Alloy synthesis 

 
Two custom produced model alloys of Al-Si-Sc with Si to Sc ratio  

of 4.3 (0.8 wt% Si) and 1.92 (0.4 wt% Si) were cast using a lab-scale 

gravity  die  casting process. The alloys were prepared using  99.86 wt 

% commercially pure Al, pure Si, and Al-2 wt% Sc master alloy. The 

gravity die casting of the liquid melt was done into a rectangular- 

shaped mild steel mould of dimensions 150 × 50 × 10 mm from a 

superheat temperature of 720 °C after a holding time of 30 min. The 

alloy   composition   in   the   as-cast   condition   was   analysed   by 

Table 1 

Chemical composition (wt%) of the two Sc-containing Al-alloys measured using in- 

ductively coupled plasma – optical emission spectroscopy (ICP-OES) test. 
 

Alloy Si Sc Fe Al Si:Sc 

Al-0.8Si-0.2Sc 0.86 0.20 0.08 Balance 4.30 

Al-0.4Si-0.25Sc 0.48 0.25 0.08 Balance 1.92 

 
 

inductively coupled plasma - optical emission spectroscopy  (ICP-  OES) 

and is reported in Table 1. 

The equilibrium pseudo-binary Al-Si phase diagram with a con- 

stant 0.25 wt% Sc was constructed using the ThermoCalc® software, 

based on the TCAL-4 thermodynamic database. The software aided 

in predicting probable phases and designing heat treatments for 

both the alloys varying in Si to Sc ratio. Controlled lab-scale heat 

treatments were performed on these model alloys to obtain the 

phases predicted by the software. At first, the pre-heat treatment of 

as-cast ingots was performed at 350 °C for 0.5 h to form (Al,Si)3Sc 

nano-precipitates. The pre-heat-treated ingots were then hot-rolled 

at 350 °C to decrease the thickness from 10 mm to 4 mm, and then 

subsequently cold rolled to 1 mm using a lab-scale Buehler four-high 

rolling mill facility. The rolled sheets from the alloys with 0.4 wt% 

and 0.8 wt% Si were then solutionised at 450 °C and 550 °C, re- 

spectively, to form the V-phase. Subsequently, ageing treatments at 

250 °C with varying time intervals were performed to study the 

variation in hardness in the presence of V-phase. The entire pro- 

cessing sequence for both the alloys is given in Fig. 1. 

 
2.2. Hardness testing 

 
The hardness of both the alloys in all processing conditions was 

measured using a Struers® Duramin A-300 Vickers hardness tester, 

employing a 1 kg applied load. Hardness values were recorded from   7 

different locations upon each alloy and averaged. 

 
2.3. Microstructural characterisation 

 
Specimens for scanning electron microscope (SEM) were cut and 

electropolished to mirror-finish to observe under JEOL® 7001 F SEM 

in the secondary electron imaging (SEI) and energy dispersive 

spectroscopy (EDS) mode. Electropolishing was conducted with 30% 

nitric acid –70% methanol electrolyte at −30 °C in a Struers® Tenupol 

5 twin-jet electro-polishing unit. The cell voltage was set to 12.7 V, 

the current was 180–190 mA and the approximate electro-polishing 

time was 2 min. 

For structural and chemical characterisation of phases using TEM, 

3 mm diameter discs were punched from mechanically thinned alloy 

sheets of 200 µm thick. Two different techniques were used to pre- 

pare TEM specimens: (1) electropolishing and (2) ion milling. 

Electropolishing was used for specimens containing phases that are 

immune to the electropolishing solution, whilst ion milling was used 

for specimens containing phases that are reactive to the solution. 

Based on the experience, TEM specimens from the solutionised al- loys 

which contained reactive phases were ion milled using Gatan® 691 

precision ion polishing systems at −100 °C. All the other samples were 

electropolished with the parameters explained earlier in the case of 

SEM specimens. TEM specimens were  then  observed  in  Bright Field 

(BF) mode using an FEI® Tecnai G2 T20 TEM and FEI® Tecnai G2 F20 

STEM operated at 200 kV. The high-resolution BF and high-angle 

annular dark-field (HAADF) – Scanning TEM (STEM) images were 

Fourier filtered with a circular aperture  masking method for the spots 

in Fourier transform pattern in the Digital Micrograph software, in 

order to remove high-frequency noise. The EDS mode was used to 

understand the elemental analysis using a Bruker® Quantax 400 

detector in the FEI® Tecnai G2 F20 STEM. To study the structural 

characteristics of the phases, the Crystal Maker® 
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Fig. 1. Alloy production and processing diagram. The Al-0.4Si-0.25Sc alloy was solutionised at 450 °C for 0.5 h, and Al-0.8Si-0.2Sc was solutionised at 550 °C for 0.5 h. 

 

software was utilised to build the simulated crystal structure as well 

as the diffraction patterns. The simulated structural information was 

compared with the experimental selected area diffraction patterns 

(SADP) of the phases in the α-Al matrix. 

To analyse the phases in both the alloys using XRD technique, a 

sample of 20 × 20 × 10 mm dimensions with a surface polished  to  800 

µm was used. The XRD equipment  with  a  Cu  Kα  radiation  at  40 kV 

and 40 mA of Bruker® D8 Advance - DAVINCI design was utilised for 

conducting the scans. The international centre for diffraction data 

(ICDD) PDF-4 + 2018 RDB database with an analytical software Bruker® 

DIFFRAC.EVA V4.3 was utilised for the analysis of phases. 

 
2.4. In situ TEM heating 

 
To study phase transformations in the Al-Si-Sc model  alloys,  in situ 

TEM heat treatment experiments were conducted for both the alloys 

using a JEOL® 2100 LaB6 TEM. Specimens for TEM were prepared by 

ion milling 3 mm diameter discs of 45 µm thick using a Fishione Model 

110. Two different in situ heating experiments were carried out using a 

Gatan® heating holder model 628 and the corresponding 

microstructural changes were recorded in situ  via  a  Debut digital 

screen capture software using a Gatan® Orius 832 fiber optic 10.7-

megapixel CCD detector. For the first experiment, a TEM specimen 

from the as-cast Al-0.4Si-0.25Sc alloy was heated to 350 °C in the Gatan 

heating holder with a heating rate of 50 °C/min and was held for a 

duration of 1 h, to observe the nucleation  and  growth of the nanoscale 

(Al,Si)3Sc phase. For the second experiment, the Al- 0.8Si-0.2Sc alloy 

was first pre-heat treated ex situ in a muffle furnace at 350 °C for 30 

min to form nanoscale (Al,Si)3Sc phase precipitates and secondary Si 

particles. Specimens for TEM from this pre-heat treated Al-0.8Si-0.2Sc 

alloy was then in situ heated to 550 °C in the Gatan heating holder with 

a  heating  rate of  20 °C/min and  held for  5 min to study the evolution 

of V-phase. 

 
3. Results 

 
3.1. Equilibrium phase diagram 

 
The pseudo-binary Al-Si phase diagram with 0.25 wt% Sc is  shown 

in Fig. 2 and was utilised as a reference for developing the solutionising 

heat treatment for the alloys studied. The Thermo-  Calc® software 

predicted the stable regions for binary Al3Sc and the 

ScSi phases, however, the software could not predict the ternary V- 

phase. In contrast, the formation of V-phase was reported in Al-Si- 

Sc alloys in previous literature [32,33]. Therefore, the solutionising 

heat treatment experiments were designed in the ScSi phase sta- 

bility range (region shaded with blue colour in Fig. 2) to explore the 

formation of the V-phase. It can be seen that the ScSi phase for- 

mation temperature increases with increasing Si content in the 

alloys. Thus, solutionising temperatures of 450 °C for the alloy with 

0.4 wt% Si and 550 °C for the alloy with 0.8 wt% Si were selected to 

form the V-phase as indicated with the red dot in Fig. 2. Moreover, 

the red dot shows the stable ScSi phase region for both the selected 

compositions of the alloys for the respective solutionising tem- 

peratures. 

 

 

   

 
Fig. 2. Pseudo-binary phase diagram of Al-Si system with 0.25 wt% Sc. Diagram cal- 

culated using ThermoCalc®, indicating the ScSi phase region in α-Al matrix. (For in- 

terpretation of the references to colour in this figure, the reader is referred to the web 

version of this article) 
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Fig. 3. Evolution of hardness as a function of processing during the thermo-mechanical 

treatments for both alloys studied. 

 

 
3.2. Hardness results 

 
To complement the microstructural development, hardness 

measurements were conducted after each step of the thermo-me- 

chanical treatment and presented in Fig. 3. 

The hardness was found to increase by ~30% and ~68% after the 

pre-heat treatment at 350 °C for the alloys with 0.8 wt% Si and 0.4  wt 

% Si, respectively, when compared to the hardness of the corre- 

sponding alloys in the as-cast condition. The increase in the hard- 

ness suggests the formation of strengthening phases, which could be 

the metastable Si-containing Al3Sc particles. Further hardening of 

both the alloys of the order of 11–23% was observed, following hot 

and cold rolling processes due to increased work hardening response 

with strain which causes increased dislocation density [34,35]. 

Subsequently, the hardness of alloys decreased significantly after 

solutionising at 450–550 °C. The decrease in hardness suggests that 

the strengthening benefits from the (Al,Si)3Sc nano-precipitates 

were lost possibly due to their dissolution and formation of different 

phases. The hardness was then found to increase slightly during the 

final ageing at 250 °C. To get a better understanding of the hardening 

behaviour following pre-heat treatment and softening following 

solutionising as a result of associated possible phase transformation 

phenomenon, XRD and electron microscopy techniques were applied. 

 
3.3. XRD results 

 
To understand the precipitation sequence, XRD was performed 

for the Al-0.8Si-0.2Sc alloy in two different heat treatment condi- 

tions, one being after the pre-heat treatment at 350 °C for 0.5 h and 

the other being after the high-temperature solutionising treatment 

at 550 °C for 0.5 h. The sample pre-heat treated at 350 °C has the 

presence of Si and (Al,Si)3Sc phases as shown in Fig. 4. In the case of 

the sample solutionised at 550 °C, peaks corresponding to Si were 

not present indicating a possible dissolution of the phase. The new 

peaks corresponding to the V-phase and Al9Fe2Si2 intermetallic 

phase existed. The presence of (Al,Si)3Sc phase in the solutionised 

sample can not be confirmed since the peaks from V-phase overlaps 

to that from the (Al,Si)3Sc phase at the (111) and (200) spacings. The 

results from XRD analysis clearly confirmed the apparition of the V- 

phase during the post-rolling solution treatments. In order to further 

characterise this phase, electron microscopy techniques were ap- 

plied. 

 
3.4. Microstructure analysis 

 
Intermetallic phases (Fe-rich β-phase (Al9Fe2Si2), primary Si 

particles, and ScSi-containing phase) were observed using SEM in 

both the alloys in the as-cast condition due to elemental segregation 

upon solidification. These phases continued to be present in the α-Al 

matrix as indicated by the white arrows in Fig. 5(a) after the pre- 

treatment and after all the subsequent process steps of sheet 

making. Any new intermetallics were not observed following ther- 

momechanical processing. No significant dissolution of these inter- 

metallics was observed during the solutionising treatment probably 

due to insufficient holding time. The formation of these inter- 

metallics following casting has consumed some of the Sc and Si 

required for the precipitation of hardening phases. The matrix 

composition is thus required to be rich in Sc and Si solute to get 

maximum hardening effect following the precipitation treatment. 

The semi-quantitative SEM-EDS analysis for the areas free from 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 
 

Fig. 4. Comparison of phases with the XRD results of Al-0.8Si-0.2Sc alloy in the pre-heat treated (350 °C for 0.5 h) and solutionised conditions (550 °C for 0.5 h).  
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Fig. 5. Al-0.8Si-0.2Sc following pre-heat treatment at 350 °C for 0.5 h. (a) SEI-SEM image of the microstructure showing distribution of phases. White arrows indicate the coarse 

intermetallics (b) magnified SEI-SEM image of secondary Si particles marked by a rectangle in (a); (c) BF-TEM image of Si-precipitates and (d) corresponding SADP; (e) BF-STEM image 

of (Al,Si)3Sc nano-precipitates; (f) atomic-scale HAADF-STEM image showing the structure of coherent, nano-sized (Al,Si)3Sc faceted precipitate. (For interpretation of the references 

to colour in this figure, the reader is referred to the web version of this article).  

 
precipitates was estimated for five regions in each as-cast sample 

and then averaged out. The approximate matrix composition was 

found to be Al- 0.6 at% Si- 0.1 at% Sc and Al- 0.34 at% Si- 0.14 at% Sc 

for Al-0.8Si-0.2Sc and Al-0.4Si-0.25Sc alloys respectively. Specimens 

after pre-heat treatment and solutionising were chosen for further 

analysis using electron microscopy techniques as they exhibited the 

most significant variation in hardness (refer Fig. 3). The subsequent 

results of phase analysis in this section are thus  mainly focused  on the 

microstructure obtained during these two heat treatment processes. 
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3.4.1. Phase evolution following pre-heat treatment 

Samples from the Al-0.8Si-0.2Sc alloy following pre-heat treat- 

ment at 350 °C for 0.5 h were observed under SEM. The micro- 

structure shows the presence of coarse intermetallic phases (β- 

phase, primary-Si, and ScSi-containing phase) at grain boundaries as 

well as at dendrite boundaries, as shown in Fig. 5(a) using white 

arrows. Additionally, sub-micrometre sized and polygonal-shaped 

secondary Si particles were precipitated and segregated along the 

dendrite boundaries, as shown in Fig. 5(a) and in a magnified SEI 

mode image in Fig. 5(b). Typical secondary Si particles were 0.5–0.8 

µm long and 0.2–0.4 µm wide. The SADP viewed along [001] zone 

axis of the α-Al matrix in Fig. 5(d) shows bright spots corre- 

sponding to the Al matrix (marked by red circles) and weak spots 

corresponding to the superlattice reflections of the diamond cubic 

structured Si-precipitates (indicated by yellow outer circles). The 

orientation relationship (OR) between the Si particles and the α-Al 

matrix was found to be a cube-cube which can be written as [100]Si | 
|  [100]α-Al and (011)Si  |  | ( 20)α-Al  in  accordance  with  previously re- 

ported OR [36]. 

BF-STEM image of the sample indicates the formation of the 

nano-sized, (Al,Si)3Sc phase within  the  Al  matrix  as  shown  in  Fig. 

5(e). This is in contrast with the calculated equilibrium phase 

diagram in Fig. 2 which clearly indicates that the chosen alloy 

composition should be in the Al + Si + V-phase region during the pre- 

heat treatment at 350 °C and no (Al,Si)3Sc should form. However, 

previous experimental phase diagrams indicate the presence of a 

stable Al3Sc phase in these type of alloys at 350 °C [32]. Moreover, 

during the gravity die casting of these alloys, the solidification rate 

was high enough to consume a very little Sc to form Sc-containing 

intermetallics in the as-cast alloys. Thus, a sufficient amount of Sc 

was still available in the solid solution of the alloy to form the 

(Al,Si)3Sc phase upon the pre-heat treatment at 350 °C. The OR of 

(Al,Si)3Sc phase with the α-Al matrix was found to be cube-cube, 

which is similar to the earlier reported results [37]. 

The STEM analysis of (Al,Si)3Sc precipitates further revealed 

their crystal structure, size, and shape. The Z-contrast HAADF 

method was utilised to identify the Sc columns in (Al,Si)3Sc nano-

precipitate since the Z-contrast is roughly proportional to the 

square of Z (atomic numbers of atoms). Fig. 5(f) indicates brighter 

Sc atoms as compared to Al atoms, revealing the L12 crystal 

structure of the (Al,Si)3Sc  precipitates,  with  the  space  group  of  

Pm m [33]. The atomic arrangement also confirms that the 

precipitates are perfectly coherent with the α-Al matrix with some 

amount of lattice mismatch at the interface, which resulted in the 

Ashby-Brown (AB) strain contrast around the precipitates [38]. The 

precipitates had an average diameter of 5 nm and those which were 

smaller than 3 nm, had no facets; however, those larger than 3 nm, 

had faceted cubic shape along < 001 > as observed in Fig. 5(f). 

Additional TEM observations revealed that the (Al,Si)3Sc 

precipitates had maintained their coherency with the α-Al matrix 

following the hot rolling at 350 °C and cold rolling at room 

temperature. 

 
3.4.2. Phase evolution following solutionising 

Phase changes were observed in the cold-rolled alloy  sheets  when 

exposed to high temperatures (450 °C for Al-0.4Si-0.25Sc alloy and 550 

°C for Al-0.8Si-0.2Sc alloy) for a period of 0.5 h. The co herent, (Al,Si)3Sc 

phase as well as secondary Si particles that were formed, following pre-

heat treatment, were rarely seen in the alloys after solutionising. 

Instead, a rod-shaped, anisotropic phase was discontinuously 

precipitated in the α-Al matrix as observed in  the SEM image given in 

Fig. 6(a). The phase preferred the grain boundaries for the 

precipitation and appeared to be segregated along these boundaries. 

Fig. 6(b) gives the magnified image of the  microstructure observed in 

Fig. 6(a). The length and thickness of  these  rods were much larger for 

the alloy treated at 550 °C (refer Fig. 6b) than that for the alloy treated 

at 450 °C (refer Fig. 6c). The higher temperature has most likely led 

to the formation of longer and thicker rods due to a higher kinetic 

decomposition rate. 

There is a possibility that this rod-shaped phase is a V-phase as 

its formation at high temperature in Al-alloys with high Si content 

was reported [27,33,39]. In all the reported literature, V-phase was 

described as coarse, oval [32] or spherical and ellipsoid shaped [33] 

phase. Some other studies indicated the formation of similar rod- 

shaped Al3Sc [39,40], Al3Zr [41,42], and Al3Sc(1−x)Zrx [43] phases in 

Al-Sc-(Zr)-(Mg) alloy systems. However, in the literature reported so 

far, there is no indication of the presence of V-phase in the rod- 

shaped morphology. Thus, it was important to analyse the rod- 

shaped phase formed in this case to confirm its chemical and 

structural properties via the use of TEM techniques. The elemental 

analysis conducted using STEM-EDS shows the area mapping results 

in Fig. 7. It can be seen that the rod-shaped precipitates are rich in 

both Si- and Sc-content. Further, line scan analysis using STEM-EDS 

was done to get the semi-quantitative results for the V-phase 

composition. The rod-shaped precipitate which was located in the 

thin area of the sample was chosen  for  the  line-scan  shown  in Fig. 

7(a) to get accurate elemental distribution. The line scan results in 

Fig. 7(c) verifies that there is an equal content of Sc and Si con- 

centration in the precipitate. The matrix being α-Al, a large signal for 

Al was obtained which might not be the true representation of the 

stoichiometric content for the elements in the phase. The local EDS 

results of the rod-shaped precipitate thus suggests that the phase 

can have a stoichiometry of AlxSiyScy. This agrees with the reported 

compositions of AlSc2Si2 (V-phase) and AlSiSc [33]. 

The observed softening during the high-temperature solutio- 

nising treatment comes from the loss of the coherent, nano-sized, 

(Al,Si)3Sc precipitates and the formation of the non-hardening V- 

phase. The microstructure observations  using  TEM,  shown  in  Fig. 

8(a) and (b), indicate only a few coarse (Al,Si)3Sc precipitates. The 

white arrows in Fig. 8(a) indicate semi-coherent (Al,Si)3Sc pre- 

cipitates and red arrows show V-phase rods. The semi-coherent 

nature of the (Al,Si)3Sc nano-precipitates can be determined with 

the change in the AB strain contrast around these precipitates as 

seen in Fig. 8(b). The final ageing treatment at 250 °C could not re- 

cover the hardness drop experienced by both the alloys following 

solutionising, which confirmed that the microstructure remained 

unaffected after the peak ageing treatment. 

 
3.4.3. V-phase characteristics 

It is known that the V-phase has a tetragonal U3Si2 crystal 

structure, space group of P4/mbm (No. 127), and lattice parameters  of 

a = 6.597 Å, c = 3.994 Å [33]. The Crystal Maker® was used to construct 

the simulated crystal structure and the associated diffraction patterns 

of the V-phase using the atomic coordinates of the V-phase [44]. 

The interatomic spacings (d-spacings) for the indexed planes  of 

the V-phase were measured for the experimental SADPs and then 

compared with the d-spacings from the calculated diffraction patterns 

using Crystal Maker® and are produced in Table 2. A fair agreement 

(less than 2% variation) between the experimental  and the calculated 

d-spacings from the SADPs confirmed the crystal structure of the V-

phase. Additionally, the lattice parameters using experimental SADPs 

and high-resolution BF image were measured and compared against 

the previously reported values of V-phase [33] and are given in Table 

3. The estimated lattice parameters using the experimental SADPs of 

this study were: a = 6.56 Å, b = 6.64 Å, and c = 3.98 Å;  α = β = γ = 90°.  

The  variation  between  measured  ‘a’  and  ‘b’ lattice parameters as 

well as the difference with the previously reported lattice 

parameters of the V-phase can be attributed to the low accuracy of 

the d-spacing measurement using SADP technique and due to the 

structural change occurred during the formation of metastable V-

phase as reported previously [26]. The high-resolution BF image 

which was captured using STEM is given in Fig. 9. The image 
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Fig. 6. SEI-SEM images of microstructure in (a) Al-0.8Si-0.2Sc alloy solution treated at 550 °C for 0.5 h (b) magnified view of Al-0.8Si-0.2Sc alloy solution treated at 550 °C for 0.5 h 

(c) Al-0.4Si-0.25Sc solution treated at 450 °C for 0.5 h. 

 

was used to evaluate the lattice parameters of the V-phase; however, 

the estimation of ‘c’ is not available since the image is aligned along 

[001]v zone axis. The remaining ‘a’ and ‘b’ parameters of the V-phase 

lattice structure were measured using an analysis tool of Digital 

Micrograph®. The measured values of ‘a’ and ‘b’ are 6.57 Å and 6.42 Å 

respectively, which differs from the previously reported lattice 

parameters of the V-phase [33] and the difference can be attributed  to 

the inaccuracies of the measurement technique utilised in this study. 

 
 

3.4.4. ORs of the rod-shaped phase with α-Al matrix 

The SADPs were collected for the individual rods of the V-phase 

and were compared with the calculated diffraction patterns of the V- 

phase using Crystal Maker®, and a good match was found between 

the two. In total 11 individual rods were successfully analysed for the 

determination of ORs. It was seen that, most frequently, the V-phase 

precipitates were oriented in the [310] direction when viewed along 

different zone axis of the matrix as observed in Fig. 10 (a′), (b′) and 

(c′), where the highlighted red pattern indicates an SADP of α-Al 

matrix and the highlighted yellow pattern indicates that of a V- 

phase. The phase had multiple and independent ORs with the α-Al 

matrix. In total, six new ORs were observed for the V-phase in Al- 

0.8Si-0.2Sc alloy when solutionised at 550 °C for 0.5 h and are listed 

below. Out of these six ORs, the OR1 was seen to be the most 

common. 

 

(OR1) 

 

 
(OR2) 

 

 

 
 

(OR5) 

 

 
(OR6) 

. 

When the matrix and the precipitate zone axes were aligned, the 

matching crystallographic planes and related misfits were calculated 

based on the identified OR [45]. For example, the misfit  for  OR1  along  

(1 2)v | | ( 0)α-Al was calculated as: misfit (%) = {[d(220)α - 

d(132)v]/d(220)α} × 100 [2], where d(220)α and the d(132)v are the lattice 

spacings of α-Al matrix along (220) plane and of V-phase along (132) 

 

 

 

 

 

 

 

  

(OR3) 

(OR4) 
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Fig. 7. (a) BF-STEM, (b) corresponding HAADF-STEM image, and (c) EDS line-scan results of the V-phase in the α-Al matrix in Al-0.8Si-0.2Sc solutionised at 550 °C for 0.5 h, with 

the corresponding EDS mapping results. 

 

plane respectively. The d-spacings for the V-phase were obtained from 

the experimental SADPs given in Table 2 and that for the α-Al matrix 

were obtained from the earlier reported values (a = 0.405 nm) [46]. 

The matching crystallographic planes and the calculated lattice misfits 

for all the 6 ORs are given in Table 4. It was noticed that in most cases, 

V-phase formed as long rods with their long axis parallel 

to < 001 > α-Al resulting in lower lattice misfit. The anisotropy in the 

shape of V-phase can be explained using the observed misfit values 

[47]. Especially OR1, OR3, OR4, and OR5 show a small  difference  (< 

3.5%) in lattice misfit, indicating the preference of rod-shaped 

phase to grow in the direction parallel to their long axis once nu- 

cleated. Whereas, OR2 and OR6 have comparatively larger misfit 

 

 
 

Fig. 8. BF-STEM images of Al-0.8Si-0.2Sc alloy solutionised at 550 °C for 0.5 h. (a) Low-magnification image of (Al,Si)3Sc precipitates and V-phase and (b) semi-coherent (Al,Si)3Sc 

precipitates. Red and white arrows indicate (Al,Si)3Sc precipitates and V-phase respectively. (For interpretation of the references to colour in this figure legend, the reader is referred 

to the web version of this article). 
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Table 2 

Experimental and calculated interplanar spacings (d-spacings) for the ternary V- 

phase. 

 
 
 
 
 
 
 
 
 
 
 
 

 
 

 

a The interplane spacings reproduced from ICDD PDF – 4 + 2018 RDB database file 

no. 04–018–3651 

 

values of the order of 26% and 15% respectively indicating shorter 

growth along the respective axis. 

In the previous studies, the experimental and calculated inter- 

plane distances were found to be different when compared [33] and 

the reported  two  ORs  of  the  V-phase  and  the  Al  matrix  were  - 

( 2 )AlSc2Si2  | | (010)α-Al; [221]AlSc2Si2  | | [100]α-Al  and (1 4)AlSc2Si2 | | 

(010)α-Al; [221]AlSc2Si2 | | [100]α-Al [26]. However, in this study both of 

these ORs were not observed. The ORs identified in this study are 

independent and different from each other even though viewed in 

the same zone axis of the α-Al matrix. This indicates random pre- 

cipitation of V-phase in the α-Al matrix without a strong preference 

for any single OR. It is possible to find some more ORs of this dis- 

continuously precipitated V-phase with the α-Al matrix if some 

more individual rods are analysed. 

 

3.4.5. In situ TEM heating results 

The microstructure analysis showed that the phases formed after 

the pre-heat treatment are nano-sized (Al,Si)3Sc precipitates and the 

secondary Si particles. However, both of these phases were observed 

to be absent in both the alloys after the solutionising treatment, and 

instead, a rod-shaped V-phase was observed. To study the phase 

transformation mechanisms for the nano-sized (Al,Si)3Sc  precipitates 

and the V-phase rods, an in situ TEM heating technique was employed. 

A TEM sample from the Al-0.4Si-0.25Sc alloy in the as-cast 

condition was in situ heated at 50 °C/min to 350 °C and held for 1 h 

at 350 °C to observe and record the precipitation of (Al,Si)3Sc. 

Images from the recorded video were extracted from the start of the 

precipitate nucleation every 10 s up to 1000 s of holding time and 

the quantitative analysis of the precipitate diameter was done using 

 
Table 3 

Comparison of experimental and theoretical lattice parameters of V-phase. 

Lattice 
parameters 

Previously reported lattice 

parameters [33] (Å) 
Experimental lattice parameters (Å) 

Using SADPs Using high-
resolution BF image 

a 6.597 6.56 6.57 

b 6.597 6.64 6.42 

c 3.994 3.98 -- 

Note: Estimation of ‘c′ using high-resolution BF image is not available since the image is 

aligned along [001]v. 

 

Fig. 9. Atomic resolution BF-STEM image of the V-phase in Al-0.8Si-0.2Sc alloy. 

 
 

these calibrated images in the ImageJ software [48]. The (Al,Si)3Sc 

nano-precipitates started to nucleate as soon as the temperature of 

350 °C was reached as shown in Fig. 11 (a). The number density of 

the nano-precipitates increased with increasing holding time as 

shown in Fig. 11 (b) and (c). The quantitative measurement of all the 

nucleated precipitates was averaged and represented in Fig. 11 (d). A 

standard deviation of 5% was applied to all the measurements since 

the precipitate diameter measurements were done manually in the 

ImageJ software. It was noted that the average stable precipitate 

diameter for the in situ TEM heated  sample  was  much  larger  (~15 

nm) than that for the ex situ sample heated at 350 °C for 30 min (~ 5 

nm). Also, a sharp increase in precipitate diameter in the first 100 s 

was observed and then the diameter remained constant with 

minimal growth up to a holding time of about 1000 s. The larger 

diameter and a shorter time to reach the stable diameter for the 

nano-precipitates in the case of in situ TEM heated sample can be 

due to the increased precipitation kinetics in the thin foil as 

compared to that in the bulk sample. 

The second sample for in situ TEM heating experiment was from 

the Al-0.8Si-0.2Sc alloy, which was first ex situ pre-heat  treated  at 350 

°C for 30 min in a muffle furnace. The microstructure of this sample 

was comprised of a mixture of the precipitated nano-sized (Al,Si)3Sc 

phase and secondary Si particles as earlier shown in Fig. 5. The 

appropriate area containing both of  these phases was selected  for 

observation under TEM for the in situ experiment. While the sample 

foil was heating to reach 550 °C, the dissolution of secondary Si 

particles was observed. The noticeable size reduction of the Si particle 

was seen from a temperature of 180 °C and the complete dissolution of 

the same occurred at 396 °C as shown in  Fig.  12  (a1–a6). During this 

period there were no changes to the nano-sized (Al,Si)3Sc precipitates 

and they started to dissolve from a temperature of 458 °C, which 

resulted in the reduced number density of the (Al,Si)3Sc precipitates 

with increasing temperature. Some of the nano-precipitates that were 

not dissolved in the early stages had experienced growth in diameter 

up to 35–40 nm. The reduced number density and the growth of these 

precipitates during the heating period from 458 °C to 520 °C are shown 

in Fig. 12 (b1–b3). Eventually, all the precipitates dissolved at 520 °C 

resulting in the α- Al matrix rich in a solid solution of Sc and Si, and no 

precipitation of new phases occurred until 548 °C temperature. 

However, at 549 °C, a small   rod-shaped   phase   precipitated   which   

then  experienced growth at 550 °C as shown in Fig. 12  (c1–c3). The 

heating  experiment was stopped after a holding time of 5 min 

because of the excessive growth of the rod-shaped V-phase and a 

very high drift of the foil due to the high holding temperature. 

   BF-STEM  

   
    6.57 Å      6.42 Å  

(hkl) dexp (nm) dcal (nm)a 

(110) 0.471 0.467 

(001) 0.398 0.399 

(200) 0.328 0.330 

(020) 0.332 0.330 

(120) 0.295 0.295 

(201) 0.251 0.254 

(211) 0.240 0.237 

(130) 0.209 0.209 

(131) 0.181 0.185 

(112) 0.200 0.184 

(320) 0.184 0.183 

(202) 0.169 0.171 

(140) 0.161 0.160 

(132) 0.141 0.144 

(213) 0.129 0.121 

(242) 0.117 0.119 

(530) 0.113 0.113 
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Fig. 10. Crystallographic ORs of the V-phase with the α-Al matrix in Al-0.8Si-0.2Sc alloy solutionised at 550 °C for 0.5 h (a–f) BF-TEM images of the V-phase, (a′–f′) respective 

SADPs of the images. (For interpretation of the references to colour in this figure, the reader is referred to the web version of this article). 

 
Table 4 

Misfit between matching crystallographic planes for the identified ORs of the AlSc2Si2 (V-phase) and α-Al matrix. 

OR No. ORs of V-phase with α-Al matrix dα (nm) dv (nm) Misfit (%) 

OR1 [310]v | | [001]α and (1 2)v | | ( 0)α d(220) = 0.1432 d(132) = 0.141 1.5 

OR2 [310]v | | [001]α and (1 1)v | | ( 0)α d(220) = 0.1432 d(131) = 0.181 -26.4 

OR3 [1 0]v | | [011]α and (310)v | | ( 00)α d(200) = 0.2025 d(310) = 0.209 -3.2 

OR4 [  11]v  |  | [013]α and ( )v | | (200)α d(200) = 0.2025 d(112) = 0.200 1.2 

OR5 [001]v | | [001]α and (1 0)v | | ( 00)α d(200) = 0.2025 d(130) = 0.209 -3.2 

OR6 [010]v | | [011]α and (001)v | | ( 1)α 2d(111) = 0.4676 d(001) = 0.398 14.9 

 

 
Fig. 11. (a–c) Images from in situ TEM heating experiment conducted on Al-0.4Si-0.25Sc alloy at 350 °C for 1 h showing nucleation and growth of (Al,Si)3Sc nano precipitates, (d) 

respective change in precipitate diameter as a function of holding time. 
 

4. Discussion 

 
It is evident from the hardness results and related micro- 

structures that the processing conditions, in particular, the heat 

treatment temperature, play a major role in determining the final 

hardness for Al-Si-Sc alloys. The pre-heat treatment resulted in a 

significant hardening of both the alloys whereas a high-temperature 

solutionising treatment led to severe softening. The initial hardening 

 

 
 

Fig. 12.  Snapshots of video during in situ TEM heating of Al-0.8Si-0.2Sc alloy revealing (a1–a6) dissolution sequence for the secondary Si particle (b1–b3) dissolution sequence of the 

nano-sized (Al,Si)3Sc precipitates (c1–c3) nucleation and growth sequence for the rod-shaped V-phase. Red, white and black arrows indicate the (Al,Si)3Sc nano-precipitates, Si-

particle and V-phase rods respectively. Note: As-cast Al-0.8Si-0.2Sc alloy was first ex situ heat treated at 350 °C for 30 min and then in situ heated at 550 °C. (For interpretation of 

the references to colour in this figure legend, the reader is referred to the web version of this article). 
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after pre-heat treatment comes from the formation of homogeneous 

(Al,Si)3Sc nano-precipitates [8,33] as seen from the microstructure 

analysis in this study. Generally, the strengthening mechanisms 

related to precipitate formation is a function of the dominating 

precipitate-dislocation interaction mechanism – (1) precipitate 

shearing or (2) precipitate by-passing (or dislocation looping). The 

transition from predominantly precipitate shearing to precipitate 

by-passing occurs for a critical precipitate diameter [49]. Sometimes, 

a mixed mechanism of strengthening is also seen due to the 

presence of small and large precipitates in the alloy at the same 

time. The strengthening due to precipitate shearing is generally 

contributed by (1) Modulus hardening, (2) Coherency 

strengthening, and (3) Order strengthening [8,19]. In this case, the 

Orowan mechanism of precipitate by-passing is expected to be 

prevalent due to the presence of sufficiently larger precipitates 

formed after the pre-heat treatment [50]. The hardness 

improvement during the rolling process  was  mainly  attributed  to  

the  strain  hardening   pro- cess [34,35]. 

 
4.1. Phase transformation mechanisms 

 
4.1.1. The formation mechanism for (Al,Si)3Sc phase 

The (Al,Si)3Sc nano-precipitates formation mechanism in the 

case of binary Al-Sc and ternary Al-Sc-M (where M can be other 

major alloying addition to Al-alloys like Si, Cu, Zn, etc.) alloy systems 

are well studied and reported to be due to the decomposition of 

solute elements resulting in the direct formation of the nano-pre- 

cipitates from the supersaturated solution of α-Al matrix [33,51,52]. 

However, it is important to study if the formation mechanism of 

(Al,Si)3Sc nano-precipitates remains the same in the presence of 

high Si content in the alloys. 

The in situ TEM heating experiment was thus conducted for the Al-

0.4Si-0.25Sc as-cast alloy at an isothermal temperature of 350 °C in 

order to just form the (Al,Si)3Sc nano-precipitates as obtained 

during ex situ treatment at the same temperature. The results as 

indicated in Fig. 11 (a) and (b), show the direct nucleation of (Al,- 

Si)3Sc phase from the supersaturated α-Al matrix at 350 °C with al- 

most negligible holding time. It was observed that the nucleation 

was homogeneous, and occurred randomly throughout the Al matrix 

without the preferential grain boundary precipitation indicating that 

the foil specimen areas were rich in Si- and Sc-content. Thus, the 

precipitation sequence for the (Al,Si)3Sc phase seen in this study can 

be written as follows: 
 

 

where SSα-Al indicates a solid solution of Si and Sc in the α-Al matrix. 

The initial growth of the (Al,Si)3Sc precipitates is very fast for the first 

100 s until the precipitates reach a stable diameter of 13–16 nm as 

indicated in Fig. 11 (d). This confirms the classical nucleation and 

growth  mechanism  for  the  (Al,Si)3Sc  precipitates.  An  earlier  study 

[53] indicated that the continuous precipitation of this phase when 

annealing is carried out at temperatures below 300 °C and the dis- 

continuous precipitation of the same was observed at the grain 

boundaries for the annealing temperatures greater than 350 °C. On 

the contrary, in this study, in the case of (Al,Si)3Sc nano-precipitates, 

the continuous precipitation has been seen even at the temperature 

of 350 °C. This can be partly due to the contribution of Si atoms in 

accelerating the precipitation mechanism for (Al,Si)3Sc nano-pre- 

cipitates [19–21]. Once the stable diameter of nano-precipitates is 

reached, a negligible amount of growth in their diameter was ob- 

served which is contrary to the observations made in alloys leaner in 

Si where the spherical nano-precipitates grow in diameter as a 

function of ageing temperature, ageing time and Sc  concentration 

[54]. 

 
4.1.2. The formation mechanism for V-phase 

The formation of a rod-shaped V-phase heterogeneously dis- 

tributed along the grain boundaries occurred in the case of Al-0.4Si- 

0.25Sc and Al-0.8Si-0.2Sc alloys when ex situ treated at 450 °C and 

550 °C respectively. The ScSi region in the phase diagram calculated 

using ThermoCalc® (given in Fig. 2) is assumed to be the probable V- 

phase formation region. Thus, two different solutionising 

temperatures were used for these alloys depending on the ScSi phase 

region. The V-phase was formed at the expense of (Al,Si)3Sc and 

secondary Si particles as indicated in the results Section 3.4.2. 

The rod-shaped morphology was for the first time  observed  in the 

case of V-phase in this study. The earlier studies which indicate the 

formation of other rod-shaped phases in Al-alloys were analysed to see 

if the V-phase formation mechanism could be similar to those cases. 

There exists extensive research about the coherency loss and growth 

of nano-sized Al3Sc precipitates [49,54–57]. In one study, rod-like Al3Sc 

precipitates were formed in annealed Al-0.1 wt% Sc alloy along with 

some other morphologies [58]. In another study, similar rod-like 

precipitates of 300–500 nm in length and irregular widths in Al-2.2Mg-

0.12Sc at% alloys were formed may be due to the coagulation of 

precipitates after the coherency loss [40]. The rod- shaped Al3Sc(1−x)Zrx 

precipitates  were  discontinuously  precipitated  in the industrial 

AA5754 alloy modified with Sc and  Zr  additions  [43], the mechanism 

of which was observed to be similar in the case  of high-temperature 

annealed Al-3Mg-0.25Er-0.25Zr wt% alloy [59]. The tetragonal plates 

of Al3Zr were formed from the  rod-shaped  Al3Zr with the 

precipitation sequence as: 

 
SSα-Al → spherical Al3Zr with L12 structure → Rod-shaped Al3Zr with 

L12 structure → plates of Al3Zr with a tetragonal DO23 structure [42]. 

The research done so far has raised two main possibilities for the rod-

shaped V-phase formation mechanism in the Al-0.4Si-0.25Sc and Al-

0.8Si-0.2Sc alloys when solutionised at  450  and  550 °C  and are as 

stated below. 

Possibility 1: The precipitation sequence similar to the earlier reported 

case of rod-shaped tetragonal Al3Zr phase [41,42], which is given as: 

SSα-Al → nucleation of L12 structured spherical (Al,Si)3Sc nano- 

precipitates → rod-shaped (Al,Si)3Sc precipitates with L12 structure → 

tetragonal V-phase. 

Possibility 2: The classic nucleation and growth of rod-shaped V- 

phase which require the supersaturated solid solution of Si and Sc 

in the α-Al matrix to start the precipitation mechanism. Thus, 

suggesting that the secondary Si and the nano-precipitates rich in Sc 

if present need to dissolve first in order to form the V-phase. The 

precipitation sequence, in this case, is given as: 

Previous state i.e. {SSα-Al + (Al,Si)3Sc nano-precipitates + secondary Si + 

intermetallics} → dissolution of secondary Si → {SSα-Al rich in Si 

content + (Al,Si)3Sc nano-precipitates} → dissolution of (Al,Si)3Sc 

nano-precipitates → SSα-Al → {αAl + V-phase}. 

The in situ TEM heat treatment at 550 °C of pre-heat-treated Al- 

0.8Si-0.2Sc alloy clearly indicated the dissolution and precipitation 

sequence of the possible phases in the Al matrix. During heating, as 

the temperature increases, the solubility of Si increases as indicated 

by the increasing solvus line in Fig. 2. This resulted in the dissolution 

of secondary Si-phase, which was complete at a temperature of 
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396 °C as given in Fig. 12 (a1-a6). With increasing heating temperature, 

more Si was released back into the matrix and the (Al,Si)3Sc nano-

precipitates became less stable, and, in turn, dissolved into the matrix 

at 520 °C as shown in Fig. 12 (b1–b3). The dissolution of both the phases 

resulted in the formation of a supersaturated solution of the α-Al 

matrix rich in Si and Sc. The spontaneous nucleation of the V-phase 

occurred once a threshold in the composition/nucleation barrier is 

reached followed by growth in the rod-shaped morphology at 549 °C 

without forming any other metastable phases. The observed 

dissolution and precipitation sequence of V-phase in the alloy studied 

here corresponds with the expected possibility (2) of the V- phase 

formation mechanism. It should be noted that the dissolution sequence 

discussed here depends on the heat treatment route and  will vary if a 

different heat treatment (e.g. direct isothermal homogenization 

treatment of the as-cast sample at 550 °C) is utilized. Further, a high 

growth rate of the V-phase rods was observed within  5 s of holding 

time due to exposure of the specimen to the high heating temperature 

of 550 °C as shown in Fig. 12 (c1–c3). 

The formation temperature for the V-phase was higher than that 

of (Al,Si)3Sc phase for both the alloys as seen experimentally. The 

ScSi phase region predicted by ThermoCalc® in Fig. 2 corresponds 

well with the V-phase formation region previously assumed in this 

study. This assumption was also a basis for the heat treatment design 

for both the alloys to form either (Al,Si)3Sc or V-phase in the α-Al 

matrix selectively. The secondary Si particles and the nano-scale 

(Al,Si)3Sc precipitates co-existed when the alloys were pre-heat 

treated at 350 °C for 30 min without the formation of the V-phase. 

The nucleation of the V-phase was observed to occur at 450 °C and 

550 °C for the alloy with 0.4 wt% Si and 0.8 wt% Si respectively. The 

solvus line temperature for Si-particles increases with increasing Si 

content and in order to form a stable V-phase both Si and Sc need to 

be in a solid solution. Therefore, the V-phase nucleation is tem- 

perature-dependent and increasing Si content resulted in the in- 

creased nucleation temperature of the V-phase. The simultaneous 

precipitation of (Al,Si)3Sc phase and Si particles in an alloy can be 

obtained by optimising the heat treatment conditions below the V- 

phase nucleation temperature to improve the hardening response in 

Al-Si-Sc alloys. The understanding of the formation mechanisms of 

(Al,Si)3Sc and V-phase is thus crucial for the successful use of Sc in 

the alloying of 6xxx series and other Si-containing Al-alloys. 

 
5. Conclusions 

 
The formation mechanisms for the nanoscale (Al,Si)3Sc and V- 

phase were studied by means of electron microscopy, XRD, and in 

situ TEM for Al-Si-Sc alloys. The following conclusions may be 

drawn: 

 
1. Nanoscale and coherent (Al,Si)3Sc, along with sub-micrometre 

sized secondary Si precipitates, were formed in Al-(0.4–0.8)Si- 

(0.20–0.25)Sc wt% alloys following pre-heat treatment at 350 °C 

for 0.5 h, resulting in a significant hardening effect. 

2. The hardness of pre-heat treated Al-Sc-Si alloys did not vary with 

subsequent hot and cold rolling processes due to the retention of 

(Al,Si)3Sc precipitates in the Al matrix. However, a significant 

decrease in hardness was observed following solutionising at 

450 °C and 550 °C - as a result of the formation of rod-shaped V- 

phase at the expense of secondary Si particles and (Al,Si)3Sc 

nanoscale precipitates. 

3. Rod-shaped V-phase (AlSc2Si2) having a tetragonal crystal structure 
with lattice parameters; a = 6.56 Å, b = 6.64 Å, and c = 3.98 Å; α = β 

= γ = 90°, was determined. In addition, six new ORs between V-phase 
and the Al matrix were identified. 

4. Nanoscale (Al,Si)3Sc precipitates were nucleated at 350 °C by the 

continuous precipitation mechanism, without the formation of 

any other metastable phases. 

5. Rod-shaped V-phase was precipitated at 549 °C from Si- and Sc- 

rich Al matrix by a classical nucleation and growth mechanism, 

following a complete dissolution of secondary Si-particles and 

(Al,Si)3Sc nanoscale precipitates. 

6. Processing conditions at which both the desirable (Al,Si)3Sc 

nanoscale precipitates and the undesirable rod-shaped V-phase 

form and their phase transformation mechanisms were 

determined. 
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7 Effect of Si to Sc ratio on (Al,Si)3Sc nano-precipitates 

7.1 Chapter synopsis 

This chapter provides a detailed quantitative analysis of (Al,Si)3Sc nano-precipitates formed in 

Sc-containing alloys with varying Si to Sc ratio from 0.44 to 4.30. The three alloys were heat-

treated at 350 °C for 30 minutes to form the (Al,Si)3Sc nano-precipitates. The diameter, number 

density, and volume fraction of (Al,Si)3Sc nano-precipitates were assessed and compared 

utilising TEM and SAXS techniques. The prediction of these characteristics was also aided by 

ThermoCalc® software, however as noted throughout this work, the results from CALPHAD 

are only a guide and often do not mimic empirical findings, most likely due to the limited 

database for the ternary Al-Si-Sc alloys (and little empirical data availability for such systems 

to date). The precipitate characteristics were found to be strongly correlated to the chemical 

composition of the alloys, processing conditions, and bulk hardness of the alloys. The 

(Al,Si)3Sc nano-precipitates revealed a strong coherency strain around them when seen under 

TEM in BF mode. To understand the local strain field distribution in the microstructure, PED 

technique was utilised and strain maps were acquired along the [001] direction of the α-Al 

matrix. The maximum local strain field was found to be related to the Si concentration in the 

alloy as well as in the nano-precipitates.   
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7.2 Abstract 

This study investigates the role of Si on various characteristics of  (Al,Si)3Sc nano-precipitates 

in the model Al-Si-Sc alloys employing small-angle x-ray scattering, transmission electron 

microscopy, precession electron diffraction, and atom probe tomography. The understanding 

developed herein will help obtain the desirable microstructure thereby improving the hardening 

response. The diameter, volume fraction, and number density of nano-precipitates were found 

to be a function of processing condition, Si to Sc ratio, and resultant hardness. The local strain 

field at a nanometer scale along [001]α-Al was seen to be increasing with Si content in the alloys 

and was related to the bulk hardness of the respective alloys and Si concentration in the nano-

precipitates. Further, uniform distribution of Si and Sc concentration in the (Al,Si)3Sc nano-

precipitates without any partitioning at the interphase boundary was seen.  
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7.3 Introduction 

The 6xxx series Al-alloys are most widely used in the automotive sector for the light-weighting 

purpose to replace heavier steel components in order to increase fuel efficiency and reduce CO2 

emissions. Efforts to enhance the strength of these alloys by the addition of alloying elements 

are common and studies indicate that alloying with Sc in small quantities can achieve 

significantly higher mechanical properties while maintaining corrosion resistance [2–

5,75,86,96]. The strength increase occurs mainly due to the formation of Sc-containing, nano-

sized, coherent, L12 structured Al3Sc precipitates upon ageing heat treatment [6,84]. For the 

Al-Sc alloys with dilute addition of Si, the formation of the L12 precipitates was seen to be 

favourable, and Si atoms were reported to substitute to Al in the Al3Sc precipitates [83,84,97]. 

Since most commercial Al-alloys always have some Si content at an impurity level, the 

precipitates formed in these alloys are actually (Al,Si)3Sc even though they have been broadly 

reported as Al3Sc in earlier studies. In this work, the Sc-rich L12 precipitates will hence be 

referred to as (Al,Si)3Sc, with exception of the alloys where the presence of Si is either not 

accounted or has been known to be negligible.  

A number of studies investigate the effect of Si on the formation kinetics of L12 precipitates in 

Al-Sc alloys. The (Al,Si)3Sc precipitates were found to form during casting in the presence of  

0.6 wt. % Si [88]. The accelerated precipitation of Sc-containing phases in the presence of Si 

occurs due to the reduced Sc migration energy forming the Si-Sc pairing [98]. The Si content 

in the precipitates was seen to be decreasing as a function of ageing time which confirms that 

Si mainly plays a role during the nucleation and early ageing stages [27]. The effect of Si on 

the diffusivity of Sc was found to sometimes result in a higher coarsening rate than that of the 

Al3Sc or Al3Sc(1-x)Zrx, or Al3(Sc,Zr,Er) precipitates [97]. The (Al,Si)3Sc precipitates result in a 

significant strengthening effect in Al-Sc alloys with dilute Si addition, which was superior to 

that of alloys without Si addition [97]. Additionally, the (Al,Si)3Sc precipitates were also seen 
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to be less brittle than Al3Sc. Although the effect of a low level of Si on the formation of Al3Sc 

precipitates is well understood [83,84], there is still a lot of unknown about the effect of higher 

levels of Si in Sc-containing aluminium alloys. The presence of higher content of Si was often 

reported as deleterious due to the formation of the ternary V-phase (AlSi2Sc2) instead of the 

L12 phase [7,21]. The limited understanding of the precipitation sequence in Al-Si-Sc alloys 

with a high content of Si limits the use of Sc in 6xxx series Al-alloys which have Si content of 

0.6 to 0.8 wt. %.  The present work will hence investigate the effect of alloying with a higher 

level of Si on the precipitates in Al-Sc alloys.   

The L12 structured coherent precipitates have strain associated with them due to their slightly 

increased lattice parameters as compared to the Al matrix. Although the effect of various 

alloying additions on the lattice parameters of the L12 phase in the Al-Sc alloys has been studied 

[99,100], the effects of Si on the lattice parameters of L12 nano-precipitates are not yet studied. 

The presence of elastic strain in the microstructure has a profound effect on the strengthening 

response [26,52,57,97,101]. The strain level associated with nano-precipitates depends on their 

level of coherency status with semi-coherent precipitates having a larger strain compared to 

fully coherent precipitates [22,102]. Thus reducing the lattice misfit between precipitate and 

matrix usually helps maintain the lower strain levels and higher coarsening resistance of the 

precipitates [25,103,104]. Apart from room temperature strength, the local strain levels also 

influence the stress corrosion cracking, deformation response, and creep performance [105]. 

The measurement of local strain distribution can help improve the understanding of the 

(Al,Si)3Sc phase and one of the techniques to do so is PED. In PED technique, an electron 

beam is rotated at a fixed small angle around the axis normal to the sample surface and the 

resultant diffraction pattern generates crystallographic information about the sample [106]. The 

technique can measure the slight distortions in the diffraction pattern which are related to the 
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nano-scale lattice strain and is traditionally been applied to single-crystalline semiconductor 

materials [107,108] with some recent use for polycrystalline alloy samples as well [109–112]. 

In this study, a detailed analysis of the local strain distribution due to the presence of (Al,Si)3Sc 

nano-precipitates is conducted using PED technique. The (Al,Si)3Sc phase is further 

characterised using a SAXS, APT, and various electron microscopy techniques to understand 

the effect of Si and Sc content on the various characteristics of (Al,Si)3Sc nano-precipitates, 

which can be related to the resultant hardening effect.  



Chapter 7 

 

74 
 

7.4 Materials and methods 

7.4.1 Alloys composition  

The selected Si concentration was 0.1, 0.4, and 0.8 wt. % in three Al-Si-Sc model alloys to 

match the Si content to that of commercial 6xxx series Al-alloys. The Sc concentration of 0.3 

wt. % was used for all three alloys to maximise the Si to Sc interactions. The bulk alloy 

composition in the as-cast condition was analysed by ICP-OES and is reported in Table 7.1.  

Table 7.1: Chemical composition (wt. %) of Al-Si-Sc alloys measured using ICP-OES test. 

Nominal 

composition of the 

alloys 

Measured alloy composition 

Si Sc Fe Si:Sc ratio 

Al-0.8Si-0.3Sc 0.86 0.20 0.08 4.30 

Al-0.4Si-0.3Sc 0.48 0.25 0.08 1.92 

Al-0.1Si-0.3Sc 0.14 0.32 0.08 0.44 

7.4.2 Alloys processing 

All three alloys were cast using a lab-scale gravity die casting facility. The liquid melt at 720 

°C after a holding time of 30 minutes was poured into a rectangular-shaped mild steel mould 

of dimensions 150 × 50 × 10 mm maintained at room temperature. It is known that the Al-Sc 

alloys when exposed to a temperature higher than 400 °C, Al3Sc precipitates do experience 

coarsening and coherency loss. At 350 °C, some degree of softening, as a result of Al3Sc 

precipitate growth and coherency loss, was seen when exposed for a prolonged time 

[13,25,26,53,54]. Therefore, a heat treatment at 350 °C for a short duration was considered to 

be an appropriate treatment for Al-Si-Sc alloys in this study. To restrict the coarsening of 

(Al,Si)3Sc precipitates, a short holding time of 0.5 h corresponding to the obtained peak 
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hardness, was selected. Thus, the three alloy ingots were heat-treated at 350 °C for 0.5 h in a 

salt bath furnace followed by quenching in a water bath maintained at room temperature within 

a quench delay of 10 s. The ThermoCalc® software with the precipitation module (TC–

PRISMA®) and the TCAL4 thermodynamic database was utilised for the prediction of the 

Al3Sc precipitate characteristics such as size distribution and volume fraction for the three 

alloys at 350 °C for 0.5 h. 

7.4.3 Characterisation 

7.4.3.1 Hardness test 

Bulk hardness measurements for the alloys in the as-cast and heat-treated conditions were 

conducted using Struers® Duramin A-300 Vickers hardness tester. The sample surface was 

polished on both sides using SiC emery paper up to 800 µm before measurements. Hardness 

values were taken at 10 locations for each sample with an applied load of 1 kg and then 

averaged.   

7.4.3.2 Microstructure analysis 

The specimens for microstructure imaging using TEM were prepared from the three alloys in 

the heat-treated condition. The 3 mm disc specimens were punched from thin alloy sheets and 

ground to 120 – 170 µm thickness. The discs were electro-polished with an electrolyte 

composed of 30% nitric acid and 70% methanol at -30 °C till the formation of a central hole in 

the foil. The Struers® Tenupol electro-polishing unit uses a twin-jet flow system for the 

electrolyte. The cell voltage was 12.7 V, the current was 180-190 mA and the approximate 

electro-polishing time was 3 to 4 minutes depending on the foil thickness. The microstructures 

were analysed in BF and DF modes using FEI® Tecnai G2 T20 TEM operated at 200 kV.  

The quantitative analysis of the (Al,Si)3Sc nano-precipitates was conducted using TEM images 

taken at a similar sample thickness. The approximate sample thickness was 100 nm with some 
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level of uncertainty and hence quantitative comparisons done for various samples might have 

some inaccuracies. The diameter of nano-precipitates was estimated to be similar to the length 

of the no-contrast strain line to simplify the measurements and approximately 125 nano-

precipitates from each alloy sample were analysed for the measurements. The number density 

of the precipitates was estimated by counting the actual number of precipitates in an image 

frame over the frame area. Four frames for each alloy sample were used for the measurements 

and the average values were estimated. The volume fraction of the precipitates was calculated 

using their size and number density and the precipitates were assumed to be spherical. It should 

be noted that the TEM images cover only a small local area in a thin foil and might not be a 

true representation of the precipitates in the bulk alloys. Hence, SAXS technique was utilised 

in order to understand the (Al,Si)3Sc nano-precipitate characteristics at a bulk level. The results 

were then used to calculate the strengthening response of the heat-treated alloys.  

7.4.3.3 Small-angle x-ray scattering 

Thin samples of size 9 × 9 µm were cut using a low speed saw cutting machine along the 

transverse section from alloy ingots in the cast as well as heat-treated condition. The samples 

were then manually thinned down to approximately 75 µm thickness with an emery paper of 

800 µm size. The SAXS instrument of Bruker® N8 Horizon with Cu microbeam radiation and 

Vantec-500 2D detector was utilised. The data analysis was conducted using Bruker® 

DIFFRAC.SAXS V1.0 software.  

7.4.3.4 Local strain fields 

The strain distributions at the nanometer scale were measured for the area containing nano-

precipitates and the surrounding matrix in the three heat-treated alloy samples using PED 

NanoMEGAS® DigiSTAR™ system on a JEOL® 2100 F TEM. The TEM foil samples were 

prepared for the strain measurements using the electropolishing technique as explained in 
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section 7.4.3.2. Appropriate specimen areas of size 100 × 100 nm2 and 50 × 50 nm2 containing 

nano-scale (Al,Si)3Sc precipitates were selected for measurements with a scan step size of 1 

nm and 0.5 nm respectively. Multiple measurements were done in a specimen on various areas 

for repeatability purposes. For all the specimens, the beam was aligned in [011]α-Al zone axis, 

and the strain measurements were carried out in [001] direction thus measuring the d-spacing 

of (001) planes. The strain analysis was conducted using a Topspin® software package with 

reference lattice parameters of the Al matrix in the respective specimens and was replotted for 

comparison using Matlab® software.  

7.4.3.5 Atom probe tomography 

Thin needle samples were prepared for the composition analysis of the nano-precipitates using 

APT. The needles were first wire cut using the electron discharge machining (EDM) technique 

to a cross-section area of 300 × 300 µm2 and a length of 1 cm. The electropolishing of the 

needles was then carried out in two stages at room temperature using the Struers® Lectropol 5 

electrolytic polishing unit. The first stage of electropolishing was done using an electrolyte 

composed of 33% nitric acid and 67% methanol at a cell voltage of 7-10 V to achieve a roughly 

thinner needle. The second stage of electropolishing was conducted using 2% perchloric acid 

and 98% methanol solution at a cell voltage of 10-20 V under an optical microscope until a 

neck formation and subsequent fracture occurred to form a thin needle with an approximate tip 

radius of 40-80 nm. The APT was carried out on a CAMECA® LEAP 4000 HR™ instrument 

at a pulse rate of 200 kHz, a temperature of 25 K, and a pulse fraction of 20%. The 3DAP 

reconstruction of the acquired data was done using IVAS™ 3.8.2 software. The default image 

compression factor of 1.40 and the default electric field factor of 4.3 was used. 
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7.5 Results 

7.5.1 Hardness results 

The Vickers hardness results obtained for the three Al-Si-Sc alloys in the as-cast as well as in 

the heat-treated condition are given in Figure 7.1. The hardness of the alloys in the as-cast 

condition increases gradually with increasing the Si to Sc ratios of the alloys. Upon heat 

treatment, all three alloys show increased hardness as compared to that of the as-cast condition. 

However, the hardness in the heat-treated alloys decreased gradually with increasing Si to Sc 

ratio in the alloys. Thus, it is evident that the hardness response of the Al-Si-Sc alloys upon 

solidification is different than that following the heat treatment and is expected to be strongly 

related to the microstructure evolution. The subsequent sections thus study the microstructure 

of the three alloys using ThermoCalc® predictions, TEM, SAXS, PED, and APT to relate the 

phase characteristics to the hardness results. 
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Figure 7.1: Vickers hardness results with respect to Si to Sc ratios of the Al-Si-Sc alloys in as-

cast and heat-treated conditions. 



Chapter 7 

 

79 
 

7.5.2 Precipitation prediction using ThermoCalc® 

The precipitation module (TC – PRISMA) within ThermoCalc® software was utilised for the 

precipitation prediction for the Al-Si-Sc alloys. The software could not predict the (Al,Si)3Sc 

phase although the selected alloys have sufficiently high Si content. Instead, the prediction of 

Al3Sc precipitates was done for their radius, volume fraction, and number density at 350 °C for 

30 minutes holding time. The results in Figure 7.2 (a) indicates a normal distribution of Al3Sc 

precipitates size for the three alloys with a negligible change in the mean radius of the 

precipitates. Figure 7.2 (b) shows that the three characteristics of the precipitates (radius, 

volume fraction, and number density) decrease linearly with increasing Si to Sc ratios.  

However, the change in the radius and volume fraction of these nano-precipitates for the three 

alloys is negligible. On the other hand, the number density of nano-precipitates decreased 

significantly with increasing Si to Sc ratios, which is mainly due to the decreasing Sc content 

in the alloys. 
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Figure 7.2: Al3Sc precipitation simulation results at 350 °C for 30 minutes using ThermoCalc®: 

(a) size distribution, (b) radius, number density, and volume fraction with respect to Si to Sc 

ratios of the alloys. 
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7.5.3 Transmission electron microscopy 

The qualitative analysis of the (Al,Si)3Sc nano-precipitates in the Al-0.1Si-0.3Sc, Al-0.4Si-

0.25Sc, and Al-0.8Si-0.2Sc alloys heat-treated at 350 °C for 0.5 h was done using TEM. A BF 

TEM image in Figure 7.3 (a) indicates a high number density of the fine (Al,Si)3Sc precipitates 

distributed within the area. The nano-precipitates in Al-0.4Si-0.25Sc alloy are coarser as 

compared to that in the other two alloys as shown in Figure 7.3 (c) and additionally, some of 

them had developed facets depending on their size when observed at higher magnification 

(refer Figure 7.3 d). The nano-precipitates in the Al-0.8Si-0.2Sc alloy are finer as compared to 

the Al-0.4Si-0.25Sc alloy while their number density has been reduced as compared to the Al-

0.1Si-0.3Sc alloy (refer Figure 7.3 e). 

It is known that these precipitates are coherent with the matrix due to the similarity of the 

crystal structure and lattice parameters between the precipitate and the surrounding α-Al matrix. 

However, there exists a small lattice mismatch between the precipitates and the α-Al matrix, 

which results in a small coherency strain around these precipitates [100]. The nano-precipitates 

are seen to be coherent with the α-Al matrix as indicated by AB strain contrast [113] around 

the nano-precipitates in all three alloys (refer Figure 7.3 b and f).  
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Figure 7.3: (Al,Si)3Sc nano-precipitates following heat treatment at 350 °C, 0.5 h: (a) uniform 

local distribution of precipitates, (b) precipitates revealing coherency as seen with the AB strain 

contrast, (c) coarser precipitates, (d) DF image indicating faceted precipitates, (e) relatively 

fine precipitates, and (f) lattice fringes in the high-resolution TEM image showing coherency 

of precipitate with Al matrix. 
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The crystal structure information of the (Al,Si)3Sc nano-precipitate was obtained utilising high-

resolution TEM (HRTEM). A single nano-precipitate in the heat-treated Al-0.8Si-0.2Sc alloy 

along [011]α-Al zone axis is shown in Figure 7.4 (a). The fast Fourier transformation (FFT) of 

Figure 7.4 (a) given in Figure 7.4 (b) confirms the diffraction pattern of the L12 structured 

(Al,Si)3Sc phase with a space group Pm3̅m [57]. Further post-processing of Figure 7.4 (a) is 

done by masking the weak spots generated by (Al,Si)3Sc phase in Figure 7.4 (b). The resultant 

Fourier-filtered image in Figure 7.4 (c) and the corresponding colourmap in Figure 7.4 (d) is 

then used to measure the d-spacings between the major lattice planes and d[200] was measured 

as 2.08Å and for d[220] was 1.41Å. The (Al,Si)3Sc phase was oriented with the α-Al matrix and 

the OR was found to be cube-cube which agrees with the previously report OR for Al3Sc 

precipitates [114]. The OR can be written as: [011](Al,Si)3Sc | | [011]α-Al and (100)(Al,Si)3Sc | | 

(100)α-Al.  
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Figure 7.4: (Al,Si)3Sc nano-precipitate in Al-0.8Si-0.2Sc alloy heat-treated at 350 °C for 0.5 h: 

(a) HRTEM image, (b) corresponding diffraction pattern obtained by the Fourier 

transformation of the image in (a), (c) Fourier-filtered image of (a) after masking diffraction 

spots from L12 phase, (d) colourmap revealing atomic arrangement in L12 crystal structure with 

interplanar spacings: d[200] = 2.08Å and d[220] = 1.41Å. 

7.5.4 Quantification of nano-precipitates  

The quantitative analysis of precipitates was conducted using SAXS as well as TEM in order 

to understand the role of Si and Sc content on the precipitate evolution. The SAXS technique 

was utilised for the three Al-Si-Sc alloys in the as-cast as well as the heat-treated conditions 

and the results are summarised in Table 7.2, whereas analysis using TEM was done on the heat-

treated samples only. The two techniques were compared for the precipitates in the heat-treated 

condition, which is discussed in the latter part of this section.  
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Table 7.2: Effect on volume fraction, size and number density of precipitates with increasing 

Si content in the Al-Si-Sc alloys analysed using SAXS. 

Sr. 

No. 
Alloy Condition 

Invariant, Q 

(×10-10Å-4) 

Normalised 

volume 

fraction, fv 

Radius, 

R (Å) 

Number 

density, 

(103 Å-2) 

1 Al-0.1Si-0.3Sc As-cast 3.47 0.067 98.99 8.2 

2 Al-0.1Si-0.3Sc Heat-treated 5.19 0.100 33.05 327.7 

3 Al-0.4Si-0.25Sc As-cast 2.43 0.047 76.42 12.4 

4 Al-0.4Si-0.25Sc Heat-treated 3.69 0.071 61.84 35.6 

5 Al-0.8Si-0.2Sc As-cast 2.82 0.054 52.38 44.7 

6 Al-0.8Si-0.2Sc Heat-treated 3.35 0.065 43.49 92.8 

The precipitate radius measured using Guinier radius (Rg) from the Guinier plot for the three 

alloys in the as-cast and the heat-treated conditions is plotted in Figure 7.5 (a). The precipitate 

radius in the as-cast specimens is larger for all three specimens than that of the heat-treated 

specimens and has a decreasing tendency with increasing Si content in the alloys. The 

precipitate radius in the heat-treated specimens does not exhibit similar behaviour or any 

specific trend. The heat-treated specimen with the lowest Si to Sc ratio shows the finest sized 

precipitates out of all and the one with the medium Si to Sc ratio shows the coarsest precipitates. 

The change occurred in the precipitate radius (as-cast radius – radius after heat treatment) is 

shown in Figure 7.5 (b) which decreases gradually with the increase in the Si to Sc ratio in the 

alloys. The volume fraction of the precipitates in the as-cast condition has no definite trend 

with Si to Sc ratios of the alloys, however, all the three alloy samples show an increase in the 
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volume fraction after the heat treatment as a result of precipitation of (Al,Si)3Sc phase. The 

volume fraction of the phase decreases with decreasing Sc content in the heat-treated alloys as 

given in Figure 7.5 (c). Similarly, the precipitate number density increases gradually with 

increasing Si to Sc ratios for as-cast specimens due to increasing Si content, whereas it has a 

decreasing trend for the heat-treated specimens due to decreasing Sc content (refer Figure 7.5 

d). The results indicate that in the as-cast condition, the Si content plays a major role, whereas, 

for the heat-treated condition, the Sc content plays a major role in defining the (Al,Si)3Sc 

precipitate characteristics.  

 

Figure 7.5: SAXS analysis for the effect of Si:Sc ratios on (Al,Si)3Sc precipitates 

characteristics: (a) radius, (b) change in precipitate radius (cast precipitate radius – heat-treated 

precipitate radius), (c) invariant Q which is proportional to the volume fraction and (d) number 

density. 
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The assessment of the size and volume fraction of the precipitates can be confirmed using 

Kratky plots as given in Figure 7.6 for the three alloys compared in as-cast and heat-treated 

condition. The value of Qmax is inversely proportional to the precipitate radius and the higher 

the value of Qmax, the finer is the precipitate size [95]. As can be seen, all the heat-treated 

specimens show the finer precipitate size as compared to that in the as-cast specimens. This 

confirms the previous estimation of precipitate size using Rg from Guinier plot. Similarly, the 

area under the curve in the Kratky plot is proportional to the volume fraction of the precipitates, 

and all the heat-treated specimens show an increased volume fraction of the precipitates as 

compared to that in their respective as-cast alloy specimens due to the precipitation of 

(Al,Si)3Sc phase during the heat treatment.  

 

Figure 7.6: Precipitates volume comparison in as-cast and heat-treated conditions for the Al-

Si-Sc alloys using Kratky plots. 
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The Kratky plots of the three alloys in the as-cast condition are compared in Figure 7.7 (a). It 

can be seen that the specimen with the highest Sc content (Al-0.1Si-0.3Sc) shows the highest 

area under the curve and thus has the highest volume fraction of the precipitates. Whereas the 

other two specimens show a similar area under the curve, indicating that there is a marginal 

difference between the volume fraction of the precipitates in these two alloys. Similar 

observations can be made for the three alloys in the heat-treated condition given in Figure 7.7 

(b) where the specimen with the lowest Si to Sc ratio (Al-0.1Si-0.3Sc) shows a higher volume 

fraction of the precipitates due to the higher Sc content as compared to that in the other two 

alloys.  

 
Figure 7.7: Comparison of Kratky plots in all the three alloys in (a) as-cast condition and (b) 

after heat treatment at 350 °C for 0.5 h. 

The nano-precipitate diameter, volume fraction, and number density in the heat-treated 

specimens were compared using TEM, SAXS, and ThermoCalc® simulation results and are 

given in Figure 7.8. As can be seen in Figure 7.8 (a, b, c), although the precipitation simulation 

results follow similar trends with the experimental results, there are clear differences between 

the simulation and experimental results. This indicates that perhaps the ThermoCalc® database 

is incomplete to consider the role of Si in the Al-Si-Sc ternary alloy systems. On the other hand, 

the TEM and SAXS results agree with each other and confirm the variation in the nano-

precipitate characteristics (refer to Figure 7.8 a, b, and d). The average number density and the 
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volume fraction had a decreasing trend with increasing Si to Sc ratios. Since the Sc content 

varies across the three alloys i.e. 0.3, 0.25, and 0.2 wt. % for the alloys with Si to Sc ratio of 

0.44, 1.92, and 4.3 respectively; the decreased number density and volume fraction can be 

attributed to the decreasing Sc content. However, the diameter of (Al,Si)3Sc nano-precipitates 

has no direct relationship with the composition of alloys and the nano-precipitates in Al-0.4Si-

0.25Sc alloy showed the largest diameter, which matches with the earlier visual observations 

made using TEM in section 7.5.3. The nano-precipitate size variation in this alloy is also seen 

to be higher as compared to that in the other two alloys. The change in the nano-precipitate 

size, volume fraction, and the number density with changing Si to Sc ratios reveal possible Si 

and Sc interactions during the precipitation heat treatment. Therefore, the nano-precipitates 

were further studied using PED and APT for the nano-scale strain distribution and atomic-scale 

composition variation respectively.  
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Figure 7.8: Comparison using TEM, SAXS, and ThermoCalc® for (Al,Si)3Sc precipitate 

characteristics in heat-treated alloys: (a) size, (b) volume fraction, (c) number density, and (d) 

magnified view of the data in the dashed rectangle in the graph in (c). 

7.5.5 Local strain distribution 

The local strain distributions in the microstructures were mapped using PED for the three heat-

treated Al-Si-Sc alloy specimens against the reference lattice parameters of the α-Al matrix. 

Since the strain measurements were done in a specific direction of [001]α-Al, only x-component 

of the strain is being presented here. The area showing the highest strain values was identified 

visually from each scanned area and the quantitative results of this strain along [001]α-Al i.e. 

Strainmax. are given in Table 7.3. An increased strain was observed in all the scans due to the 

presence of (Al,Si)3Sc nano-precipitates which have slightly higher lattice parameters than that 

of Al matrix [115]. Additionally, the average strainmax. was seen to be increasing with 

increasing Si content in the alloys. For the alloy with 0.1 wt. % Si, the strain level was 

comparatively low (0.19 ± 0.05%), however, with the Si addition of 0.4 wt. %, the strain level 

in the microstructure increased significantly to 1.15 ± 0.36%. With further increased addition 

of Si to 0.8 wt. %, the strain level was marginally increased to 1.43 ± 0.18%. 

Table 7.3: Maximum strain from various scans collected for the three Al-Si-Sc alloys in heat-

treated condition along [001]α-Al  

Alloy composition Scan No. Step size (nm) 
Strainmax. 

(%) 

Average strainmax. 

(%) 

Al-0.1Si-0.3Sc 

1 1 0.19 

0.19 ± 0.05 

2 0.5 0.12 

3 1 0.27 

4 0.5 0.18 

5 1 0.19 

Al-0.4Si-0.25Sc 

1 1 0.72 

1.15 ± 0.36 2 1 1.18 

3 0.5 1.64 
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4 0.5 0.77 

5 0.5 1.14 

6 1 1.43 

Al-0.8Si-0.2Sc 
1 0.5 1.30 

1.43 ± 0.18 
2 1 1.55 

The three representative scans of 100 × 100 nm size from BF TEM images of each alloy 

specimen are given in Figure 7.9 (A, B, and C). These strain maps were collected along [001]α-

Al with a step size of 1 nm and were normalised against the reference lattice parameters of the 

Al matrix. The maximum strain in the scans was seen to be present at the locations of nano-

precipitates. The visual comparison of strain in the three specimens in Figure 7.9 (A), (B), and 

(C) indicates that Al-0.8Si-0.2Sc alloy shows the highest strainmax. followed by Al-0.4Si-

0.25Sc and Al-0.1Si-0.3Sc alloys similar to the results in Table 7.3. Thus, it can be safely said 

that the microstructure attains a higher elastic strainmax. due to the presence of (Al,Si)3Sc nano-

precipitates and it increases with the increasing Si content of the three alloys. 

To better understand the strain quantitatively, a rectangular area containing strainmax. occupied 

by the nano-precipitates as well as the near-zero strain region of the α-Al matrix over a distance 

of ~ 85 nm was selected (refer Figure 7.9 A, B, and C). The strain profiles for these three areas 

are given in Figure 7.9 (d). All the specimens show a gradual decrease in the strain as the 

mapping distance is moved from the precipitate to the matrix. A stable matrix should result in 

a near-zero strain and the same can be seen for Al-0.1Si-0.3Sc alloy. However, for Al-0.4Si-

0.25Sc and Al-0.8Si-0.2Sc alloys, the matrix is at a higher strain indicating the presence of 

some unstable regions. It is clear from the plot that the strainmax. in the microstructure increases 

with the Si addition in the alloys. In order to better understand the local strain field with the Si 

addition, the alloys with 0.4 and 0.8 wt. % Si were analysed using APT to understand the 

atomic-scale chemical characteristics of the nano-precipitates. 
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Figure 7.9: Area selected for the strain mapping in (a) Al-0.1Si-0.3Sc, (b) Al-0.4Si-0.25Sc, (c) 

Al-0.8Si-0.2Sc alloys in heat-treated condition, (A, B, and C) respective normalised strain 

maps of scan size 100 × 100 nm along [001]α-Al, (d) 2D plots of the average strain distribution 

of the white rectangles marked in A, B, and C.  

7.5.6 Composition of nano-precipitates   

The APT volume reconstruction of a nano-tip in Figure 7.10 (a) and (b) shows well-distributed 

nano-precipitates in the Al matrix. The separated maps of Si and Sc in Figure 7.10 coincide 
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with each other for the segregation of Si and Sc atoms respectively indicating the presence of 

Si in the nano-precipitates.  

 

Figure 7.10: 3DAP volume constructed for heat-treated (a) Al-0.4Si-0.25Sc, (b) Al-0.8Si-0.2Sc 

alloys. 

The composition of nano-precipitates was determined by the iso-concentration surface 

approach. The iso-surface of 2.5 at. % Sc was used to compute the composition proxygrams 

for all the precipitates in the constructed 3DAP volume represented in Figure 7.11. A total of 

75 nano-precipitates in the case of Al-0.4Si-0.25Sc alloy sample and of 20 nano-precipitates in 

the case of Al-0.8Si-0.2Sc alloy sample were analysed and error bars indicate the standard 
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deviation of the elemental concentration for the analysed precipitates. A matrix rich in Al and 

lean in the alloying additions can be seen; however, as the interface approaches, the Al 

concentration reduces gradually, and Sc and Si concentration increases in both the specimens. 

It can also be seen that the distribution of Si, as well as Sc in the nano-precipitate, is uniform 

without any partitioning at the core or the interface between matrix and precipitate. The average 

composition of the nano-precipitate in Al-0.4Si-0.25Sc alloy was Al - 7.4 at. % Si – 18.5 at. % 

Sc, with uncertainty for Si concentration is ± 0.60 at. % and for Sc is ± 0.92 at. % calculated 

using the standard deviation within the iso-concentration surface. Whereas, in the Al-0.8Si-

0.2Sc alloy, the nano-precipitate composition was Al – 12 at. % Si – 20.3 at. % Sc with 

uncertainty for Si concentration is ± 1.47 at. % and for Sc is ± 1.86 at. % within the iso-

concentration surface. Most previous reported Al substitution by Si is below 10 at. % probably 

due to the lower Si content within the alloys studies [83–85,116]. Yet another study indicated 

a higher Al substitution by Si (20 to 25 at. %) in the precipitates formed during the casting 

process [88]. The results indicate that for a given heat treatment condition, the Si content in the 

nano-precipitates is related to the Si content in the alloy - more the Si in the alloy, the more it 

is in the (Al,Si)3Sc nano-precipitates. 
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Figure 7.11: Proxygrams of the nano-precipitates from Figure 7.10: (a) Al, Si, and Sc in Al-

0.4Si-0.25Sc, (b) Al, Si, and Sc in Al-0.8Si-0.2Sc, (c) overlay of Si concentration. 
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7.6 Discussions 

Quantitative analysis of (Al,Si)3Sc nano-precipitates in Al-Si-Sc heat-treated alloys was done 

using TEM, SAXS, and compared with that of ThermoCalc® predictions. The findings could 

help understand the relevant precipitation kinetics. Further, the local strain fields associated 

with the precipitates were analysed and then correlated to the Si content, the hardness of the 

alloys, and APT results. 

7.6.1 Effect of Si to Sc ratio on (Al,Si)3Sc precipitation 

It is known that the presence of Si in the Al-Sc alloys accelerates the precipitation kinetics of 

(Al,Si)3Sc phase due to increased Sc diffusion kinetics [84,89]. Thus, with increasing the Si 

content in the alloy, the Si-Sc cluster formations should increase resulting in the increased 

precipitation of (Al,Si)3Sc phase; effectively refining their size. This has been verified for the 

three alloys in this study, where the precipitates formed after the casting process became finer 

in size as the Si content was increased.  

The faster precipitate growth kinetics during the heat treatment in the presence of Si results in 

the coarser precipitates [97]. The precipitate size after the heat treatment would be a function 

of (1) precipitate size in the as-cast condition, (2) number of Si-Sc clusters formed during heat 

treatment, and (3) precipitate growth rate during the heat treatment. These factors are dependent 

on the Si and Sc content if the same processing conditions are applied. As seen earlier in Figure 

7.8 (d), the precipitate number density in heat-treated samples had reduced due to the reduced 

Sc content in the alloys. Thus, the precipitate size after the heat treatment remains mainly a 

function of precipitate size after casting and the precipitate growth during the heat treatment.  

The smallest-sized precipitates were formed in the heat-treated Al-0.1Si-0.3Sc alloy as seen in 

Figure 7.8 (a). Usually, a small quantity of Si is sufficient to accelerate the precipitation kinetics 

of (Al,Si)3Sc phase [84]. Moreover, this alloy had the highest Sc content resulting in the highest 
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number density as compared to that in the other two alloys (refer Figure 7.8 d). In the as-cast 

condition, this alloy had a low number density of coarser precipitates, as seen from Figure 7.5 

(d), which may have resulted in only a small contribution to the precipitate diameter after the 

heat treatment. The heat-treated Al-0.4Si-0.25Sc alloy had comparatively lower Sc content 

lowering the number density of nano-precipitates. This alloy had increased Si content which 

might be responsible for increased growth of the nano-precipitates, which resulted in coarsest 

precipitates out of the three alloys. On the other hand, the heat-treated Al-0.8Si-0.2Sc alloy 

was expected to have the coarsest precipitates but observed to have finer precipitates as 

compared to that of Al-0.4Si-0.25Sc alloy. This could be due to the contribution from a large 

number density of fine precipitates after the casting which continued to be present in the heat-

treated condition.  

7.6.2 Effect of Si content on local strain  

The strain maps acquired using PED in Figure 7.9 (A, B, and C) show the presence of local 

strain variations in the heat-treated Al-Si-Sc alloys as a result of the formation of (Al,Si)3Sc 

nano-precipitates in the α-Al matrix. The maximum strain was seen to be located at the nano-

precipitates and the region away from the precipitates towards Al matrix shows a gradual 

decrease in strain levels nearing zero which is the reference strain level. The maximum strain 

along [001]α-Al is plotted against the Si content in the alloys and is also compared with the 

hardness obtained for respective heat-treated alloys in Figure 7.12. A good agreement between 

the local strain levels, Si content in the alloys, and the hardness values was seen. It was 

observed that the local strainmax. increased with increasing Si content in the alloys. As a result, 

the corresponding hardness was seen to be decreasing with increasing strain.  

The hardness of the alloys in the heat-treated condition was mainly a function of volume 

fraction and number density of (Al,Si)3Sc nano-precipitates and can be controlled by the 

addition of Sc in the alloys as seen from the SAXS results. On the other hand, PED analysis 
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indicated that the hardness of the alloys was also related to the strain associated with the nano-

precipitates and can be controlled by the addition of Si to the alloys. To further understand the 

role of Si in the nano-precipitates, the results from proxygrams generated by APT were utilised. 

It was seen that the Si concentration in the nano-precipitates increased with increasing Si 

content in the bulk alloys. Thus, it seems that the presence of a higher level of Si in the nano-

precipitates can possibly increase their lattice parameters resulting in an increased lattice 

mismatch between precipitate and matrix. A detailed study of evaluating exact lattice 

parameters for the (Al,Si)3Sc nano-precipitates containing different levels of Si concentrations 

can help understand the relationship between the chemical and crystallographic nature of these 

nano-precipitates.  

An earlier study indicated that the presence of Si is effective at an early stage of precipitate 

nucleation, however, the Si concentration in the nano-precipitates depleted with increasing 

ageing time [88]. This possibly can be explained with the strain results acquired in this work. 

As the increased Si content in the alloys accelerates the nucleation kinetics, Si is always present 

in the nano-precipitates at the early stages. However, a further increase in the size of the nano-

precipitates occurs due to enhanced growth kinetics in the presence of Si, and the nano-

precipitates can remain stable up to a certain size only. This study shows that the nano-

precipitates tend to increase the associated strain in a presence of a higher level of Si 

concentration. Thus, the depletion of Si atoms from the nano-precipitate at a longer ageing time 

is probably favourable to reduce the associated strain levels. Further studies on the discrete 

effect of precipitate size on the Si concentration of precipitates and associated strain can be 

useful to confirm this understanding. Another study of interfacial strain across a β-phase 

precipitate in a polycrystalline 5xxx series Al-alloy indicated the presence of a negative strain 

region due to the formation of a solute depleted region [117]. Such a negative strain region was 
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not identified in this study probably due to an absence of any solute depleted region at the 

interface of nano-precipitates as confirmed by the APT proxygrams.   
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Figure 7.12: Maximum strain as a function of Si content and hardness following the heat 

treatment of Al-Si-Sc alloys. 

7.6.3 Effect of Si to Sc ratio on hardening response 

The hardness of all the three alloys in the as-cast condition increased with increasing Si to Sc 

ratio in the alloys as shown in Figure 7.1. Earlier reported studies indicated that the presence 

of Si in the matrix help accelerate the nucleation of Sc-containing precipitates during the 

thermal treatments [84]. The increased hardness with increasing Si content in alloys can be 

related to the decreased diameter of (Al,Si)3Sc precipitates and an increased number density as 

given in Figure 7.5 (a) and (c) respectively.  

The hardening in the heat-treated samples came from the formation of homogeneous (Al,Si)3Sc 

nano-precipitates [26,57]. The hardness was seen to be a function of diameter, number density, 

and volume fraction of the (Al,Si)3Sc precipitates. ThermoCalc® simulation analysis for the 

prediction of precipitation at 350 °C for 30 minutes was not effective enough to establish the 
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trends for the precipitate diameter and the volume fraction of the (Al,Si)3Sc phase. However, 

the prediction of decreasing the number density of the nano-precipitates with increasing Si to 

Sc ratios matched well with the decreasing bulk hardness of the heat-treated alloys. Figure 7.1 

shows that the alloy with the lowest Si to Sc ratio (Al-0.1Si-0.3Sc alloy) has the highest 

hardness as compared to that of the other two alloys, which can be attributed to the finest size, 

highest volume fraction, and highest number density of the (Al,Si)3Sc precipitates. Since the 

other two alloys have the coarser and lesser (Al,Si)3Sc precipitates with the lower volume 

fraction, the resultant hardness of these two alloys is lower than that of the Al-0.1Si-0.3Sc alloy. 

7.6.4 Strengthening mechanisms 

Generally, two types of strength mechanisms are prevalent in the alloys strengthened due to 

precipitate formation depending on the precipitate size – (1) precipitate shearing which occurs 

in smaller precipitates, and (2) dislocation looping around the precipitates in the case of larger 

precipitates also known as the Orowan mechanism. Sometimes, a mixed mechanism of 

strengthening is also seen due to the presence of small and large precipitates in the alloy at the 

same time. An investigation has been done to identify the prevalent strengthening mechanism 

contributed by the (Al,Si)3Sc for the three heat-treated Al-Si-Sc alloys.  

a. Precipitate shearing 

The strengthening due to precipitate shearing is usually contributed by (1) coherency 

strengthening which comes from the coherency strains at the precipitate-matrix interface, (2) 

order strengthening which comes from the work done in creating anti-phase boundaries (APB) 

in ordered precipitates, (3) modulus mismatch strengthening due to the difference between the 

shear modulus of matrix and precipitates [26,97].  

The large coherency strain around the nano-precipitates was seen in the case of all heat-treated 

specimens as indicated by the AB strain contrast in Figure 7.3. The strain measurements done 
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using PED indicated that the local strain field increased with increasing Si content of the alloys 

and is related to the bulk hardness (refer Figure 7.12). Thus, the coherency strain is expected 

to play a role in the strengthening mechanism and hence is considered here for estimation. The 

strengthening due to coherency (𝜎𝑐𝑜ℎ) was calculated using [26,99], 

𝜎𝑐𝑜ℎ = 𝑀𝛼𝜀 (𝐺𝜀)
3

2 √
𝑟𝑉𝑣

0.18𝐺𝑏2           Equation 5 

where,  

M = Matrix orientation factor and is 3.06 for random texture sample 

𝛼𝜀 = Constant taken as 2.6 

G = Shear Modulus of Al and is 25.4 GPa 

ε = Constrained lattice parameter mismatch is given by (
2

3
 ) (

𝛥𝑎

𝑎
) 

𝛥𝑎

𝑎
 = Lattice parameter mismatch at room temperature taken as 0.0125 [118] 

𝑟 = Mean radius of precipitates as determined from SAXS data 

Vv = Volume fraction of precipitates as determined from ThermoCalc® 

b = Magnitude of Burger's vector and is 0.286 nm 

Strengthening due to ordered, coherent, (Al,Si)3Sc nano-precipitates can occur if the 

precipitates are fine enough to shear by a dislocation creating an APB [118]. Most order 

strengthening occurs in the alloys having precipitates of the L12 crystal structure. The order 

strengthening (𝜎𝑜𝑟𝑑) was calculated using [26,99], 

𝜎𝑜𝑟𝑑 = 0.81 𝑀 
𝛾𝑎𝑏𝑝

2𝑏
 √

3𝜋𝑉𝑣

8
          Equation 6 

where,  

𝛾𝑎𝑏𝑝 = Average value of Al3Sc APB energy for (111) plane taken as 0.5 J/𝑚2 [26] 
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The strengthening due to modulus mismatch (𝜎𝑚𝑜𝑑) between the α-Al matrix and the (Al,Si)3Sc 

precipitates was calculated using [26,99], 

𝜎𝑚𝑜𝑑 = 0.0055 𝑀 (𝛥𝐺)
3

2   (
2𝑉𝑣

𝐺𝑏2)

1

2
 𝑏 (

𝑟

𝑏
)

3𝑚

2
−1

       Equation 7 

where, 

𝛥𝐺 = Shear modulus mismatch between the matrix and precipitates and is taken as 42.5 GPa 

m = Constant of value 0.85 

b. Dislocation looping  

An earlier study indicated that the strengthening due to precipitates was not significant when 

aged at below 300 °C for Al-Sc alloys and theoretical calculations indicated that the Orowan 

mechanism was operative for ageing above 300 °C and precipitate diameter larger than 6.8 nm 

[52]. In the current study, since the heat treatment of the alloys was carried out at a temperature 

greater than 300 °C resulting in a larger diameter of precipitates (6 to 10 nm) in the specimens, 

the Orowan mechanism may be operative and needs to be considered. The strengthening due 

to the Orowan looping mechanism (𝜎𝑜𝑟𝑜), was calculated using [26,99], 

𝜎𝑜𝑟𝑜 = 𝑀  
0.4𝐺𝑏

𝜋𝜆
  

𝑙𝑛(
2𝑟

𝑏
)

√1−𝑣
          Equation 8 

where,  

λ = Inter-precipitate spacing and is calculated using 2𝑟(
𝜋

4𝑉𝑣
)

1

2  − 1 

v = Poisson's ratio of Al taken as 0.345 for these calculations 

All the calculated values for the strength of the Al-Si-Sc alloys contributing due to various 

strengthening mechanisms are compared in Table 7.3. The strength contribution by the 

modulus mismatch strengthening mechanism is much lower to the experimental results and 

hence can be neglected. Instead, contribution by the order and coherency strengthening 
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mechanism appears to be the highest. This indicates that the presence of coherent, ordered, L12, 

(Al,Si)3Sc nano-precipitates in a large number density probably resulted in the dislocation 

shearing mechanism as a primary strengthening mechanism for the three alloys. The overall 

estimation of strength contributions is still on a higher side as compared to the experimental 

hardness results. This probably is related to the calculated volume fraction of the nano-

precipitates using ThermoCalc®, as the Sc lost in the formation of intermetallics is not 

considered in the calculations instead the entire Sc content is considered to be utilised by the 

(Al,Si)3Sc nano-precipitates. 

Table 7.3: Comparison of the calculated strength from various contributions and the 

experimental hardness results. 

Alloy 
Si to Sc 

ratio 

𝝈𝒐𝒓𝒐  

(MPa) 

𝝈𝒐𝒓𝒅  

(MPa) 

𝝈𝒄𝒐𝒉 

(MPa) 

𝝈𝒎𝒐𝒅 

(MPa) 

HV1 

Al-0.8Si-0.2Sc 4.30 108 152 164 15 56.9 ± 2.05 

Al-0.4Si-0.25Sc 1.92 96 172 221 19 67.4 ± 1.23 

Al-0.1Si-0.3Sc 0.44 167 190 179 17 76.83 ± 2.76 

The size, volume fraction and the number density of (Al,Si)3Sc nano-precipitates in the 

microstructure determine the mechanical properties in the Al-Si-Sc alloys by controlling the 

prevalent strengthening mechanism. In general, finer sized precipitates in a large number 

density with higher volume fraction gives rise to enhanced strengthening in these alloys. The 

precipitate characteristics were seen to be a function of the composition of the alloys (Si content 

and Sc content), processing conditions (as-cast or heat-treated), and heat treatment parameters 

(heating temperature and holding time). Thus, optimising the alloy composition, processing 

route, and the heat treatment practice should be utilised to get the desired characteristics of 

(Al,Si)3Sc nano-precipitates in the microstructure in order to achieve balanced mechanical 
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properties. The alloys optimised for their mechanical properties are expected to perform better 

in the application space. 
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7.7 Conclusions 

The (Al,Si)3Sc precipitate characteristics such as their size, number density, volume fraction, 

associated local strain fields, and chemical composition in the Al-Si-Sc model alloys were 

estimated utilizing TEM, SAXS, PED, and APT techniques. The following key conclusions 

were drawn from this study: 

1. The as-cast bulk hardness of the alloys increased with increasing Si content in the alloys 

and can be related to the precipitate characteristics. The diameter of (Al,Si)3Sc precipitates 

decreased and the number density increased with increasing Si content in the alloys 

resulting in the enhanced hardness. 

2. The hardness of the heat-treated alloys decreased with increasing Si to Sc ratios. The 

decreased hardening response was attributed to the decreased Sc content in the alloys, 

which resulted in the decreased volume fraction and number density of the (Al,Si)3Sc nano-

precipitates. 

3. The maximum local strain along [001]α-Al in the heat-treated alloys increased up to ~ 1.43 

± 0.18% with increasing Si content of the alloys and was also related to the gradual decrease 

in the corresponding hardness. The increased Si concentration in the (Al,Si)3Sc nano-

precipitates could be contributing to the increased strain in the microstructures.   

4. The Si and Sc concentration measured using the APT technique was found to be uniform 

in the (Al,Si)3Sc nano-precipitates without any partitioning at the interface boundary of 

precipitate and matrix. The Si concentration in the (Al,Si)3Sc nano-precipitates was seen to 

be proportional to the Si content in the bulk alloys. 

5. The calculated contribution from various strengthening mechanisms compared against the 

experimental hardening response indicated that the order and coherency strengthening 

mechanism of precipitate shearing by a dislocation in the matrix seems to be prevalent in 
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this case. This might be a result of the ordered, coherent, L12 structured (Al,Si)3Sc nano-

precipitates distributed in the α-Al matrix. 
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8 Summary and future work 

8.1 Summary 

The research work documented in this thesis is focused on understanding the role of Si in the 

precipitation of Sc-containing phases in model Al-Si-Sc alloys; which will serve to the ultimate 

goal of developing high-strength 6xxx series Al-alloys for automotive and aerospace use in the 

long term. The key areas discussed in the results chapters (chapter 5 to 7) are: (1) The use of 

CALPHAD to design and develop the optimised processing conditions to get improved 

hardness in Al-Si-Sc alloys as compared to that in the Al-Si alloys; (2) The ex situ heat 

treatments on the alloys with high Si content (Al-0.8Si-0.2Sc and Al-0.4Si-0.25Sc) in order to 

form both the desirable (Al,Si)3Sc and deleterious V-phase; (3) The in situ TEM heating 

experiments to study the formation mechanisms for (Al,Si)3Sc nano-precipitates and V-phase; 

(4) Quantification of (Al,Si)3Sc nano-precipitates utilising SAXS and TEM and their 

relationship with the Si and Sc content; (5) Understanding the local strain distribution and 

compositional variation for the coherent (Al,Si)3Sc nano-precipitates utilising PED and APT 

techniques. The conclusions obtained from these specific studies may be summarised as below. 

1. CALPHAD tools were used to design and process the Sc-containing and Sc-free Al-Si 

model alloys at lab scale using a conventional metallurgical route of wrought Al semi-

products. The Sc-containing alloys possessed superior hardness in the cast, pre-heat-

treated, and rolled conditions (F-temper) as compared to Sc-free alloys, which was mainly 

attributed to the formation of (Al,Si)3Sc nano-precipitates. The low-temperature 

homogenisation treatment at 350 °C for 0.5 h to the Sc-containing alloys resulted in the 

formation of coherent (Al,Si)3Sc nano-precipitates. The hardness of pre-heat treated Al-Sc-

Si alloys did not vary with subsequent hot and cold rolling processes due to the retention 

of (Al,Si)3Sc precipitates in the Al matrix. 
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2. The solutionising treatment at 450 °C and 550 °C resulted in a significant decrease in the 

hardness in the case of Al-0.4Si-0.25Sc and Al-0.8Si-0.2Sc alloys - as a result of the 

formation of a rod-shaped V-phase (AlSc2Si2) at the expense of secondary Si particles and 

(Al,Si)3Sc nanoscale precipitates. The V-phase was determined to have a tetragonal crystal 

structure with lattice parameters; a = 6.56 Å, b = 6.64 Å, and c = 3.98 Å; α = β = γ = 90°. 

Besides, six new ORs between V-phase and the Al matrix were identified.  

3. The in situ TEM heating experiments indicated that the nanoscale (Al,Si)3Sc precipitates 

were nucleated at 350 °C by the continuous precipitation mechanism, without the formation 

of any other metastable phases. On the other hand, the rod-shaped V-phase was precipitated 

at ~ 550 °C in the Al-0.8Si-0.2Sc alloy from the Si- and Sc-rich Al matrix by a classical 

nucleation and growth mechanism, following a complete dissolution of secondary Si 

particles and (Al,Si)3Sc nano-precipitates. Thus, it has been seen that utilising the heat 

treatment temperature higher than the solvus line temperature of Al-Si-Sc alloys having a 

Si content greater than 0.4 wt. % results in the formation of V-phase and thus softening of 

the alloys. 

4. The quantitative analysis of (Al,Si)3Sc nano-precipitate characteristics (size, volume 

fraction, and number density) in the as-cast condition of the Al-Si-Sc alloys using SAXS 

technique revealed that the diameter of (Al,Si)3Sc precipitates decreased and the number 

density increased with increasing Si content in the alloys. Whereas, the decreased hardness 

in the heat-treated alloys with increasing Si to Sc ratio was mainly attributed to the 

decreased Sc content in the alloys, which resulted in the lower volume fraction and 

decreased number density of the nano-scale (Al,Si)3Sc precipitates as evaluated using 

SAXS and TEM. 

5. The maximum local strain along [001]α-Al as determined by PED was increased up to ~ 1.43 

± 0.18% for the heat-treated Al-Si-Sc alloys and was related to the gradual decrease in the 
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hardness of the respective alloys. The increased local strain field in the microstructure may 

be related to the increased Si concentration in the (Al,Si)3Sc nano-precipitates, which was 

seen to be proportional to the Si content in the bulk alloys as measured using APT. The Si 

and Sc concentration measured using the APT technique was found to be uniform in the 

(Al,Si)3Sc nano-precipitates without any partitioning at the interface boundary of the 

precipitate and matrix indicating that the presence of Si might not improve the coarsening 

resistance of these precipitates. 

It was seen that the secondary Si particles and the nano-scale (Al,Si)3Sc precipitates co-existed 

when the alloys were pre-heat treated at 350 °C for 30 min without the formation of V-phase. 

On the other hand, the nucleation of the V-phase was observed to occur at 450 °C and 550 °C 

for the alloy with 0.4 and 0.8 wt. % Si respectively. Additionally, the V-phase nucleation was 

seen to be temperature-dependent, and increasing Si content resulted in the increased 

nucleation temperature of the V-phase. Thus, there exists a compositional and processing 

window to improve the hardening response in Al-Si-(Mg)-Sc alloys. Simultaneous 

precipitation of (Al,Si)3Sc and Mg2Si phase in the 6xxx series Al-alloys can be obtained by 

optimising the ageing heat treatment conditions below the V-phase nucleation temperature for 

the selected composition.
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8.2 Future work 

The research herein has provided critical information regarding (Al,Si)3Sc nano-precipitates 

and V-phase with respect to alloy composition, processing conditions, and heat treatment 

parameters. The detailed characterisation of these phases was an important aspect to enhance 

the understanding of various characteristics of these phases, their formation mechanisms, and 

their effect on the hardness. However, several unanswered research questions remain and such 

future work will help in further developing Sc-enhanced 6xxx series Al-alloys.  

1. Effect of Sc and Si content on the corrosion performance of the Al-Si-(Mg)-Sc alloys 

The work in the present study indicated a positive effect on the hardness of the Al-Si-Sc alloys 

due to the addition of Sc. Further studies are required to assess the corrosion performance of 

the Al-Si-(Mg)-Sc wrought alloys in the aqueous solution to see if the enhanced mechanical 

properties can be achieved without compromising the corrosion performance. 

2. Effect of Sc addition on the micro-texture evolution during the thermomechanical 

processing 

The microstructure analysis of the rolled sheets indicated the retention of (Al,Si)3Sc nano-

precipitates which were formed before the thermomechanical processing. The (Al,Si)3Sc nano-

precipitates are expected to alter the recrystallization texture and grain boundary distribution 

in the Al-Si-Sc alloys as against that in Al-Si alloys. A detailed study on the recrystallization, 

micro-texture and grain boundary evolution through the casting, homogenisation, and rolling 

processes can be carried out to understand the role of Sc addition on these modifications which 

then can be correlated to the mechanical properties of the alloys. 

3. Effect of Sc addition on the bulk residual stress in the Al-Si-Sc alloys 
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The local strain levels have seen to be increasing with increasing Si to Sc ratio due to the 

presence of (Al,Si)3Sc nano-precipitates. This is likely to affect the bulk residual stress in the 

alloy samples which is related to the mechanical properties. The analysis of residual stress with 

respect to Si content, Sc content, and heat treatment condition can be conducted in the Sc-

containing and Sc-free Al-Si alloys.   

4. Heat treatment optimisation for Al-Si-Mg-Sc alloys 

The work in this study was done on Al-Si-Sc alloys in order to focus on the Si and Sc 

interactions, even though the ultimate goal was enhanced mechanical properties in the 6xxx 

series Al-alloys. It is however known from the realm of commercial (wrought) Al-alloys that 

are produced at scale, that thermomechanical process optimisation is a critical aspect in the 

attainment of properties. As such, commencing with lab-scale model alloys of Al-Si-Mg-Sc 

compositions can be designed and processed and a study needs to be conducted to see if the Si-

Sc interactions alter in the presence of Mg. The optimised heat treatments can then be 

developed for this alloy system to concurrently form the (Al,Si)3Sc nano-precipitates as well 

as the β (Mg2Si) precipitates – at scale.   
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Appendix 1:  

The following manuscript is a result of work that was conducted in parallel to the thesis, but 

which does not form part of the examinable dissertation content. The work relates to the effect 

of Sc and Zr addition in 2xxx series (Al-Cu) Al-alloys, and the impact on microstructure and 

corrosion. 
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A B S T R A C T  
 

The microstructural variation caused by Sc and Zr additions to a 2xxx series Al-Cu alloy was studied in the 

context of corrosion and hardness. The addition of Sc and Zr led to microstructural refinement, a decrease in 

corrosion current density, and a reduction in the extent of pitting and intergranular corrosion; whilst hardness 

increased. Such an improvement in properties was attributed to the variation of alloy microstructure. It was also 

noted that an often unreported W-phase (AlxCu5-6ScZry≈0.3), containing Zr, was ‘cathodic’ relative to the Al- matrix 

in the Al-Cu-Sc-Zr alloy. 

 
 

 
1. Introduction 

Precipitation hardenable 2xxx aluminium (Al) alloys based on the Al-

Cu system are an important class of Al-alloys, achieving strengths that 

make them suitable for applications in aircraft structural compo- nents 

[1–4]. Aluminium alloy AA 2219 (Al-6 wt.%Cu) is considered to be the 

most preferred alloy for the construction of fuel tanks that carry 

cryogenic fuel, such as liquid oxygen and liquid hydrogen [5]. The 

strength of Al-Cu alloys is increased with the formation of nanoscale 

precipitates of metastable θ′-phase (Al2Cu), which are dictated by 

ageing temperature and time [3,4,6]. Recently, it was identified that Sc 

and Zr additions, in combination with multi-step homogenisation heat 

treatments, further improved the strength of extruded Al-Cu alloys [7–

9]. The improvement in strength was attributed to the formation of core-

shell Al3(Sc,Zr) nanoscale particles, which refined the size and 

increased the number density of θ′-phase precipitates in the Al-matrix 

[7–9]. Core-shell Al3(Sc,Zr) particles were thermally stable and aided in 

inhibiting recrystallization of Al-alloys, even during high temperature 

mechanical processing [7,9–14]. In addition, Al3(Sc,Zr) particles were 

also found to stabilise θ′-phase precipitates even up to 300 °C in as-cast 

Al-Cu-Sc-(Zr) alloys [15,16], making the alloys suitable for high tem- 

perature applications. Furthermore, it was identified that Sc can en- 

hance the weldability of Al-alloys and improve mechanical properties of 

 

weld metal [14,17]. Considering the beneficial aspects, and with the 

decrease in price of Sc in coming years [7–9], the potential commercial 

applications of Al-Cu-Sc-Zr alloys in the aerospace sector is promising. 

Based on the growing interest in the newly developed Al-Cu-Sc-Zr alloys 

and the criticality of their associated applications, in addition to me- 

chanical properties, it is of utmost importance to study corrosion and 

understand its mechanisms associated with the microstructural varia- 

tion caused by Sc and Zr additions. 

Pitting and intergranular corrosion (IGC) are the most common forms of 

corrosion observed in Al-Cu alloys, and are associated with the 

microstructural features in the Al-matrix [18–21]. In Al-Cu alloys, 

constituent particles such as Fe-containing intermetallics and Al2Cu 

particles that are formed during solidification are cathodic to the Al- matrix 

and pure Al in NaCl [18–25]. Therefore, pitting is associated with the 

dissolution of the Al-matrix at the periphery of the noble constituents. 

Pitting is also expected to initiate by dissolving the Al- matrix at the 

periphery of Al2Cu precipitates, which are formed during ageing. 

Intergranular corrosion was associated with the dissolution of solute 

depleted zones adjacent to grain boundaries (GBs) containing Al2Cu 

precipitates [19–22], in artificially aged Al-Cu alloys. In fact, IGC can even 

originate at the very early stage of ageing as a result of Cu segregation 

along GBs, prior to the formation of the precipitates, similar to Al-Si-Mg-

Cu alloys [26,27]. The electrochemical response and the
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degree of IGC and pitting of Al and its alloys were determined to be 

influenced by many microstructural features such as precipitate size, 

number density and continuity along GBs; grain size; GB type (i.e. high 

angle and low angle) and length; texture; environment; impurity seg- 

regation and residual stress [22–41]. Therefore, detailed understanding of 

the microstructure within grains and GBs is important in designing 

corrosion resistant alloys. 

There is a consensus that the corrosion behaviour of Al, Al-Mg, Al- Cu-

Mg and Al-Zn-Mg-(Cu) alloys was improved with the addition of Sc- (Zr) 

[42–46], with an exception that Sc additions deteriorated an Al-Zn- Mg-

Cu-Zr alloy [47]. The electrochemical behaviour of Al3Sc and Al3(Sc,Zr) 

particles was studied and determined to be slightly cathodic to the Al-

matrix in Al-Sc and Al-Mg-Zn-Sc alloys, respectively [46,47]. In addition, 

Al3Sc and Al3(Sc,Zr) particles were determined to possess good 

electrochemical compatibility with the Al-matrix in most of the Al-alloy 

systems, as a result of the particles’ poor ability to support the cathodic 

reaction, oxygen reduction, at appreciable rates [46,47]. To the authors’ 

knowledge, there is only one study that is partly focussed on the role of 

Sc on pitting and metastable pitting of different grain sized Al-Cu-Sc alloys 

[48], relating the size of nanoscale θ′-phase pre- cipitates with the 

evolution of metastable pitting events. However, that study did not 

investigate pitting caused by different second phase particles, such as Fe-

containing intermetallics, Al2Cu, Al3Sc and W- phase particles, which are 

expected to evolve in the Al-matrix of Al-Cu- Sc alloys during solidification 

and homogenisation treatments. In ad- dition, the role of Sc on other 

electrochemical parameters, such as corrosion potential (Ecorr) and 

corrosion current  density  (icorr), which  are also important to understand 

the corrosion behaviour of Al-alloys, 

was not determined. Furthermore, the role of Sc and Zr additions on 

pitting and IGC of Al-Cu alloys was also not studied to date. 

Herein, the microstructure, corrosion and hardness of a model 2xxx Al-

Cu alloy in an artificially aged condition were explicitly studied with and 

without Sc and Zr, in order to investigate the role of Sc and Zr in 

microstructural evolution and alloy properties. 

 
2. Material and methods 

2.1. Material synthesis and ageing 

Two Al-Cu alloys were cast with and without Sc and Zr. The che- mical 

composition of the alloys as measured by inductively coupled plasma – 

atomic emission spectroscopy is shown in Table 1. Billets with 30 mm 

diameter were machined from the castings and were given multi-step 

homogenisation heat treatments. The latter step was care- fully designed 

aiming at eliminating the segregation of Cu from the solidification and 

forming a fine distribution of Al3(Sc,Zr) particles with  a core-shell 

structure. Homogenised 30 mm billets were extruded through a 5.5 mm 

diameter circular die, resulting in rods with an ex- trusion ratio of 32. As-

extruded alloys were solution treated in salt bath at 500 °C for 1 h and 

subsequently water quenched. Solution treated alloys were then allowed 

to naturally age for 3 days, and then aged at 190 °C for 18 h in oil bath 

and quenched in water. 
 

2.2. Microstructural characterisation 

2.2.1. Electron backscattered diffraction 

Electron backscattered diffraction (EBSD) was performed upon the 
 

Table 1 

Nominal composition (in wt.%) of Al-Cu and Al-Cu-Sc-Zr alloys as measured using 

inductively  coupled plasma  – atomic emission spectroscopy.  
 

Sample I.D Cu Sc Zr Fe Ti Al 

Al-Cu 4 0 0 0.07 0.005 Bal. 

Al-Cu-Sc-Zr 4 0.1 0.13 0.07 0.005 Bal. 

surface, perpendicular to the extrusion direction, of specimens from Al- 

Cu and Al-Cu-Sc-Zr alloys using a JEOL® 7001 F SEM at an operating 

voltage of 20 kV. An HKL NordlysMax2 EBSD camera in conjunction with 

the Oxford instruments® Aztec software was used for the EBSD data 

acquisition, and the HKL Channel5 software was used to analyse the 

acquired data. Specimens for EBSD were prepared by electro- polishing 

in 3:1 methanol to nitric acid maintained at −28 °C and with an applied 

voltage of 12 V. 

 
2.2.2. Scanning electron microscopy 

Scanning Electron microscopy (SEM), in the backscattered electron (BSE) 

mode, was performed upon the surface, perpendicular to the extrusion 

direction, of specimens from Al-Cu and Al-Cu-Sc-Zr alloys using a JEOL® 

7001 F SEM at an operating voltage of 15 kV. Energy- dispersive X-ray 

spectroscopy (EDXS) was performed using an Oxford Instruments® X-Max 

80 silicon drift detector in conjunction with the 7001 F, and the collected 

EDXS data was analysed using the AZtec EDXS software. Specimens for 

SEM were prepared by grinding them to 4000 grit SiC paper in ethanol 

and then polishing to 0.01 μm surface finish using colloidal silica 

suspension, and finally ultrasonic cleaning in ethanol and drying in air. 

 
2.2.3. Transmission electron microscopy 

Transmission electron microscopy (TEM) was performed upon Al-Cu and 

Al-Cu-Sc-Zr alloys using three different FEI® electron microscopes. For 

bright-field TEM and electron diffraction, an FEI® G2 T20 TWIN LaB6 

operated at 200 kV was used. High-angle annular dark-field - scanning 

transmission electron microscopy (HAADF-STEM), providing atomic 

number contrast information, was performed using an FEI® Tecnai G2 F20 

S-TWIN FEG operated at 200 kV and a double aberration corrected FEI® 

Titan3 80-300 microscope operated at 300 kV. Energy- dispersive X-ray 

spectroscopy (EDXS) was performed using a Bruker® X- flash X-ray 

detector in conjunction with the F20, and the collected EDXS data with 

drift correction on was analysed using the Bruker® Esprit X-ray software. 

Specimens for TEM were prepared by punching 3 mm discs from thin 

slices, which were cut perpendicular to the extrusion direction, of Al-Cu 

and Al-Cu-Sc-Zr alloys. Discs were mechanically thinned to ≈ 50 μm 

using 2000 grit SiC paper in ethanol, and then argon ion milled at −100 

°C using a Gatan® precision ion polishing system (PIPS). Prior to HAADF-

STEM, specimens were plasma cleaned for 2 min with an Ar and O2 gas 

mixture using a Gatan® solarus 950 advanced plasma system. 

 
2.3. Corrosion testing 

2.3.1. Potentiodynamic polarisation test 

Potentiodynamic polarisation tests were performed upon Al-Cu and Al-

Cu-Sc-Zr alloys in 0.1 M NaCl using BioLogic® VMP3 potentiostat. A three-

electrode electrochemical Princeton Applied Research® K0235 flat cell, 

with 1 cm2 exposed area for a working electrode, a platinum mesh counter 

electrode and a saturated calomel electrode (SCE) as a re- ference 

electrode, was used. Alloy specimens with a diameter of 5.3 mm were cold 

mounted in an epoxy resin, exposing their cross-sectional surface 

perpendicular to the extrusion direction. Exposed surfaces were then 

ground to 2000 grit SiC paper and ultrasonically cleaned in ethanol, air-

dried, measured open circuit potential (OCP) in 0.1 M NaCl for 10 min. 

Subsequently, potentiodynamic polarisation tests were performed at a 

scan rate of 1 mV/sec commencing from −200 mV (vs. OCP) to ≈ −0.55 

VSCE. Tests were also performed in deaerated, using argon gas, 0.1 M 

NaCl at a scan rate of 1 mV/sec commencing from −20 mV (vs. OCP) 

to ≈ −0.55 VSCE to readily discern pitting potential (Epit) of the alloys. 

All tests were performed in triplicate for reproducibility.
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2.3.2. Immersion test and optical profilometry 

Optical profilometry, in the vertical scanning interferometry mode, was 

performed using a Veeco Wyko NT1100 upon the surface, per- 

pendicular to the extrusion direction, of specimens from Al-Cu and Al- 

Cu-Sc-Zr alloys prior to and following immersion in 0.1 M NaCl for 7 

days, to quantify pitting developed upon the surfaces. For this test, 

specimens were ground to 1 μm surface finish in water, ultrasonically 

cleaned in ethanol, air-dried and then immersed in 0.1 M NaCl for 7 

days. Following immersion, specimens were taken from NaCl, ultra- 

sonically cleaned in ethanol and air dried, and then immersed in 15% 

HNO3 for 1 min to remove corrosion products and finally cleaned in 

distilled water and air-dried. The 15% HNO3 treatment for 1 min 

completely removed corrosion products upon specimen surfaces with 

negligible attack to the Al-matrix (observed using SEM prior to and 

following the treatment, and are not shown herein). Optical profilo- 

metry was then performed at 4 different locations upon each alloy 

specimen surface, and pits were identified and analysed. 

 
2.3.3. Intergranular corrosion test 

The IGC behaviour of Al-Cu and Al-Cu-Sc-Zr alloys was assessed 

according to the standard test for age hardenable Al-alloys, ASTM G110 

[49]. Specimens for the test were ground to 1200 grit SiC paper and 

cleaned in ethanol and air-dried. Prior to the test, specimens were im- 

mersed in an etching solution made of 50 mL HNO3 (70%) and 950 mL 

distilled water, at 93 °C for 1 min and subsequently rinsed in distilled 

water. The use of HF acid in the etching solution was eliminated be- cause 

of occupational health and safety criteria. Specimens were then 

immersed for 1 min in concentrated HNO3 (70%) at room temperature, 

followed by rinsing in distilled water and drying in air. Subsequently, 

specimens were then immersed for 27 h in the test solution, 57 g NaCl 

+10 mL H2O2 (30%) +990 mL distilled water, maintained at 30 °C. 

Following the test, specimens were removed from the test solution, 

cleaned in distilled water and air-dried for the inspection of IGC depth and 

mass loss. For observing IGC, cross-sectional surfaces that were 

perpendicular to the extrusion direction were  ground in ethanol up to  1 

μm surface finish using diamond paste, cleaned in ethanol and air dried, 

and then observed using an optical microscope, Olympus® GX51. Image 

analysis software, ImageJ 1.48v was used for measuring IGC depths. 

Mass loss was measured by measuring mass of each specimen prior to 

and following immersion in the test solution. To ensure accu- racy in mass 

loss, corrosion products were removed by mechanically rubbing the 

specimens using a soft brush and then immersing them in 15% HNO3 for 

1 min, and finally cleaning them in distilled water and drying completely in 

air. 

2.4. Hardness test 

Vickers hardness of Al-Cu and Al-Cu-Sc-Zr alloys was measured using a 

Struers® Duramin A300 with an applied load of 1 kg and dwell time of 10 

s. The cross-sectional surface, perpendicular to the extrusion direction, of 

specimens from both the alloys were ground to 800 grit SiC paper and 

cleaned in ethanol, and air-dried prior to the hardness measurement. A 

total of 7 measurements were collected for each alloy. 

3. Results and discussion 

3.1. Electron backscattered diffraction studies 

Electron backscattered diffraction orientation maps of specimens from Al-

Cu and Al-Cu-Sc-Zr alloys are presented in Fig. 1(a) and (b), respectively. 

High angle GBs, with a misorientation angle greater than 15°, were 

indicated by black lines in orientation maps (Fig. 1(a and b)). Whilst, low 

angle GBs corresponding to the misorientation angle 2° to 15° were not 

indicated, as they heavily populate in the Al-Cu-Sc-Zr alloy. The average  

length  of  HAGBs  and  LAGBs  in  the  Al-Cu  alloy  was 

1.06 ± 0.24 cm and 0.12 ± 0.02 cm, respectively, measured over an 

area of ≈ 0.499 mm2. Whilst, for the Al-Cu-Sc-Zr alloy, the average 

length    of    HAGBs    and    LAGBs    was    1.86 ± 0.52 cm   and 

10.53 ± 0.59 cm, respectively. Over the same area, the average 

number of grains in Al-Cu and Al-Cu-Sc-Zr alloys was 50 ± 15 and 

270 ± 23, respectively, and their corresponding average grain size was 

112 ± 68 μm and 33 ± 22 μm, respectively. From the orientation 

maps and statistics on grains and GBs, it can be inferred that the Al-Cu 

alloy was completely recrystallised and whilst the Al-Cu-Sc-Zr alloy 

exhibited deformed and unrecrystallised grains with a strong extrusion 

texture. Such microstructural variation is mainly attributed to the for- 

mation of nanoscale Al3(Sc,Zr) particles [7,9–14], which were formed in 

the Al-Cu-Sc-Zr alloy during multi-step homogenisation treatments. 

From the corrosion point of view, it is important to understand such 

microstructural variation. 

3.2. Scanning electron microscopy studies 

Backscattered electron-SEM images of specimens from Al-Cu and Al- Cu-

Sc-Zr alloys are shown in Fig. 2(a and c) and (b and d), respectively. The 

composition of different phases that were observed in both the alloys was 

determined using EDXS point analysis and is presented in Table 2. 

 
 

 

Fig. 1. (a) and (b) are EBSD orientation maps of Al-Cu and Al-Cu-Sc-Zr alloys, respectively. 
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Fig. 2. (a) and (b) are low magnification BSE- 

SEM images of Al-Cu and Al-Cu-Sc-Zr alloys, 

respectively. High magnification BSE-SEM 

images of Al-Cu and Al-Cu-Sc-Zr alloys are 

shown in ‘c’ and ‘d’, respectively. The arrow in 

‘b’ point to Al2Cu. Arrows in ‘c’ point to AlxFe3- 

4Cu, and the remaining particles in ‘c’ are 

Al2Cu. In ‘d’, arrows point to AlxFe3-4Cu, and 

most of the remaining very fine particles cor- 

respond to AlxCu5-8ScZry. 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 
Table 2 

SEM-EDXS point analysis (in at.%) of different phases as observed in Al-Cu and 

Al-Cu-Sc-Zr alloys.  

Sample I.D. Al Cu Fe Sc Zr Ti Phase 
 

 

Al-Cu 66.7 33.3 0 0 0 0 Al2Cu 

76.3 5.4 18.3 0 0 0 AlxFe3-4Cu 

98.2 0.8 0 0 0 0 Al-Matrix 

Al-Cu-Sc-Zr 65 35 0 0 0 0 Al2Cu 

78 5.1 16.9 0 0 0 AlxFe3-4Cu 

76.1 20.6 0.1 3.0 0.2 0 AlxCu5-8ScZry 

98.2 1.6 0 0.1 0.1 0 Al-Matrix 
 

 

 
Second phase particles, such as Al2Cu and AlxFe3-4Cu were observed in the 

Al-matrix of the Al-Cu alloy. Whilst, the Al-Cu-Sc-Zr alloy con- tained 

Al2Cu (marked by the arrow in Fig. 2b), AlxFe3-4Cu (marked by arrows in 

Fig. 2d) and W-phase (AlxCu5-8ScZry, the very fine particles in Fig. 2d). The 

size of the second phase particles decreased and their number density 

increased with the addition of Sc and Zr to the Al-Cu alloy (Fig. 2(a–d)). 

The second phase particles observed in the Al-matrix of Al-Cu and Al-Cu-

Sc-Zr alloys were formed during the solidification of the melt and 

homogenisation thermal treatments. All the second phases determined in 

the present study were frequently observed in Al-Cu and Al-Cu-Sc cast 

and wrought alloys [3,4,13,14,17,50,51]. However, the unique finding in 

the present study is that W-phase also contains Zr. The exact 

concentration of Zr in W-phase could not be determined by this technique. 

This finding demonstrates that it is still possible to de- termine more 

phases with chemical variations caused by solute addi- tions in well-

established aluminium alloys. Such identification is im- portant as further 

detailed understanding the structure and composition of the phase can aid 

in understanding its formation mechanism and then in tailoring 

mechanical and corrosion properties of Al alloys. 

3.3. Transmission electron microscopy studies 

Bright field (BF)-TEM images of specimens from Al-Cu and Al-Cu-Sc- Zr 

alloys are shown in Fig. 3(a) and (b), respectively. The insets in  Fig. 3(a) 

and (b) are selected area diffraction patterns (SADPs) obtained from the 

corresponding BF-TEM images. Atomic number contrast HAADF-

STEM images of specimens from the Al-Cu-Sc-Zr alloy are shown in 

Fig. 3(c–f). All TEM/STEM observations were performed along the < 

001 > α direction (α corresponds to Al-matrix). 

Based on the SADP analysis, precipitates in the Al-matrix of both Al- Cu 

and Al-Cu-Sc-Zr alloys were confirmed  to  be  of  θ′-phase  (Fig. 3(a–

b)). In addition, the diffraction spots from Al3(Sc,Zr) particles were also 

identified in the SADP of Fig. 3b. Nanoscale Al3(Sc,Zr) par- ticles, which 

were marked by yellow arrows in Fig. 3b, were found to coexist with θ′-

phase precipitates in the Al-matrix of the Al-Cu-Sc-Zr alloy. 

Precipitates of θ′-phase were bigger and lower in number density in the 

Al-matrix of the Al-Cu alloy than Al-Cu-Sc-Zr (Fig. 3(a–b)). High 

resolution HAADF-STEM imaging revealed the presence of θ′′-phase 

precipitates (marked by white arrows) in addition to θ′-phase pre- 

cipitates (marked by red arrows) and Al3(Sc,Zr) particles (marked by 

yellow arrows) in the Al-matrix of the Al-Cu-Sc-Zr alloy (Fig. 3c). Si- 

milar to θ′-phase, θ′′-phase precipitates were also found to coexist with 

Al3(Sc,Zr) particles (Fig. 3c), indicating that Al3(Sc,Zr) particles act as 

heterogeneous nucleation sites for the formation of the precipitates. 

High magnification and atomic resolution HAADF-STEM imaging aided in 

determining the precise dimensions of θ′′-phase precipitates (length: 41 

± 14 nm and thickness: 2.9 ± 0.4 nm), θ′-phase precipitates 

(length: 146 ± 65 nm and thickness: 2.1 ± 1.1 nm) and Al3(Sc,Zr) 

particles (diameter: 12.4 ± 1.9 nm) in the Al-matrix of the Al-Cu-Sc-Zr 

alloy. Whilst, the average length and thickness of θ′-phase precipitates in 

the Al-matrix of the Al-Cu alloy as determined from BF-TEM images 

were 374 ± 135 nm and 26 ± 4 nm, respectively. Metastable θ′′- and 

θ′-phase precipitates were previously found to nucleate on Al3Sc or 

Al3(Sc,Zr) particles [7,9,15,16,52]. In general, such an interaction of 

Al3Sc or Al3(Sc,Zr) particles with the precipitates not only increases the 

strength of Al-Cu-Sc-(Zr) alloys [7,9,52], but also improves pitting re- 

sistance when compared to Al-Cu alloys - as the precipitate thickness 

decreases to the range of critical values to initiate pitting in Al-alloys 

[37–41]. 

Atomic resolution HAADF-STEM imaging of Al3(Sc,Zr) particles at 

different locations in the Al-matrix of the Al-Cu-Sc-Zr alloy revealed their 

coexistence with either of Guinier-Preston (GP) zones or θ′′- or θ′- phase 

precipitates (Fig. 3(d–f)). The presence of GP zones on Al3(Sc,Zr) 
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Fig. 3. (a) and (b) are BF-TEM images of Al-Cu and Al-Cu-Sc-Zr alloys, respectively. Insets in ‘a’ and ‘b’ are SADPs corresponding to the TEM images. (c–f) HAADF- 

STEM images of the Al-Cu-Sc-Zr alloy. Yellow arrows in ‘b’ and ‘c’ point to Al3(Sc,Zr) particles. White arrows in ‘d’ point to GP zones that were nucleated over an 

Al3(Sc,Zr) particle. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 
 

particles was not observed before. The unique microstructural ob- 

servation herein led to rationalising the evolution mechanism of θ′- phase 

precipitates upon Al3(Sc,Zr) particles. During ageing, GP zones, which 

comprise of a single atomic layer of Cu atoms, nucleate upon 

{001} planes of Al3(Sc,Zr) particles and with time GP zones transform to 

θ′′-phase and then to θ′-phase precipitates, aided by Cu segregation and 

rearrangement. However, different stages of the θ′-phase pre- cipitate 

evolution were observed in specimens from the Al-Cu-Sc-Zr alloy (Fig. 

3(c–f)), indicating that the nucleation and growth kinetics upon 

different Al3(Sc,Zr) particles is not same. Upon close observation, atoms 

at the core of Al3(Sc,Zr) particles are low in contrast when compared 

to their periphery (Fig. 3(d–f)), indicating that the higher atomic 

number element, i.e. Zr is present at the periphery of the par- ticles. 

The abrupt change in contrast within Al3(Sc,Zr) particles in high 

resolution HAADF-STEM images allowed us to precisely determine the 

diameter of Sc-rich core (6.3 ± 0.7 nm) and thickness of Zr-rich shell 

(3.1 ± 0.9 nm). In fact, it was reported that Zr dissolves in Al3Sc by 

replacing Sc atoms [53–55], and thereby forming Al3(Sc1-xZrx) core. 

Such core-shell particles were formed as a result of multi-step homo- 

genisation heat treatments [7,9,10]. As the diffusivity of Zr is lower 

than Sc in the Al-matrix [10], Al3Sc particles initially form in the Al- 

matrix during the early step of the homogenisation treatment. Upon 

further homogenisation at higher temperature, Zr atoms segregate to 

the interface of the particles and Al-matrix, and thereby forming Zr-rich 

shells, Al3Zr, with the core comprised of Al3Sc or Al3(Sc1-xZrx). The Zr- 

rich shell was determined to improve the thermal stability of core-shell 

Al3(Sc,Zr) particles and stabilise θ′-phase precipitates at high tem- 

perature [7,9,15,16,55,56]. 

Detailed HAADF-STEM characterisation and composition of W- phase 

constituent particle and PFZ observed within a grain of the Al-Cu- Sc-Zr 

alloy are presented in Fig. 4 and Table 3, respectively. 

Constituent W-phase particles were also observed within grains of the Al-

Cu-Sc-Zr alloy (marked by the white arrow in Fig. 4a). The EDXS- point 

analysis of the constituents revealed a stoichiometric composition 

of AlxCu5-6ScZry≈0.3 (Table 3). The evolution of such constituents re- 

sulted in the formation of PFZs within grains (marked by the yellow 

arrow in Fig. 4a). The unusual formation of PFZs within grains is a 

result of the consumption of Cu by the constituents from the Al-matrix. 

Therefore, it is important to note that the formation of W-phase can be 

considered as detrimental to mechanical properties as its evolution 

results in the formation of PFZs within grains. The size of such PFZs 

depends on the size of the constituent particles; the bigger the particle, 

the larger the PFZ. Constituent W-phase particles were also observed in 

several important industrial Al-alloys containing Sc and Cu 

[17,50,56,57]. It was identified that W-phase forms during a high 

temperature homogenisation treatment [51,56–58]. There exists a little 

consensus on the exact amount of Cu and Sc that is required to trigger 

the formation of W-phase in Al-Cu-Sc alloys [13,14,17,50,56–58]. The 

structural and chemical information of W-phase was previously iden- 

tified and studied in Al-Sc-Cu alloys by optical microscopy, X-ray dif- 

fraction and electron microprobe analysis techniques [50]. The stoi- 

chiometric composition (in at.%) of W-phase, with the tetragonal 

crystal structure and the space group of I4/mmm, was determined to be 

of Al5-8Cu7-4Sc [50]. 

Atomic resolution HAADF-STEM image of the W-phase constituent 

particle along the [1̄11̄]W  zone axis and the corresponding fast Fourier 

transform analysis are presented in Fig. 4(c) and (d), respectively. The 

unique atomic arrangement in the HAADF-STEM image reveals tetra- 

gonal structure, with the projected unit cell represented by dashed 

yellow lines (Fig. 4c). Aberration corrected HAADF-STEM imaging al- 

lowed us to measure the interplanar spacing of W-phase, d110 = 0.647 

nm and d101 = 0.462 nm. From the experimentally determined d- 

spacing, lattice  parameters  of  W-phase  were  calculated  to  be  a 

= 0.915 nm and b = 0.535 nm. The calculated lattice parameters differ  

from  those   of   the   values   (a = 0.855   -   0.862 nm and c = 0.504–

0.509 nm) reported previously for W-phase [50]. The var- iation in 

lattice parameters determined herein with that of previously reported 

could be due to the variation in the composition of W-phase. 
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Fig. 4. (a) HAADF-STEM image of the Al-Cu-Sc-Zr alloy. (b) High resolution HAADF-STEM image of the PFZ shown by the yellow arrow in ‘a’. (c) Atomic resolution 

HAADF-STEM imaging of W-phase along the [1̄11̄]W  direction reveals a unique atomic column arrangement of the tetrahedron structure (space group:I4/mmm) with 

interplanar spacings, d101 = 0.462 nm and d110 = 0.647 nm. The projected unit cell of W-phase is shown by yellow dashed lines in ‘c’. (d) The diffraction pattern 

obtained by the Fourier transformation of the STEM image in ‘c’. (e) The simulated unit cell of W-phase along the [1̄11̄]W  direction shows unique arrangement of 

atoms. (f) The simulated unit cell of W-phase slightly tilted from the [1̄11̄]W direction. (For interpretation of the references to colour in this figure legend, the reader is 

referred to the web version of this article.) 
 

Table 3 

TEM-EDXS point analysis (in at.%) of second phase particles and precipitates, 

and PFZs along high angle grain boundaries (HAGBs) and low angle grain 

boundaries (LAGBs) in Al-Cu and Al-Cu-Sc-Zr alloys. The composition of con- 

stituent second phase particles within grains of both the alloys, and of PFZs that 

were formed as a result of W-phase within grains of the Al-Cu-Sc-Zr alloy is also 

presented.  

Sample I.D.    Region    Phase Al Cu Fe Sc Zr Ti 
 

 

Al-Cu HAGBs    θ′ 78.7     20.7    0.4    0 0.2    0 

PFZ 99.3    0.4 0.2    0 0.1    0 

Grains    AlxCu3Fe 73.5     20.0   6.3    0 0.2    0 

Al-Cu-Sc-Zr    HAGBs    θ′ 69.9     29.3    0.5    0 0.3    0 

Al3(Sc,Zr) 95.2    1.4 0.2     1.9     1.3   0 

AlxCu6ScZry≈0.3 (W) 54.3     37.6     0.8     5.6     1.7 0 

PFZ 98.3    0.8 0.2     0.3     0.4    0 

LAGBs     θ′ 89.0     10.6    0.3    0 0.1    0 

Al3(Sc,Zr) 94.6    0.7 0.2     1.8     2.7   0 

PFZ 99.1    0.5 0.2    0 0.2    0 

Grains    AlxCu2-3Fe 90.8    6.3 2.8    0 0.1    0 

AlxCu5-6ScZry≈0.3 (W)     54.2     36.2     0.8     6.7     2.1   0 

PFZ 98.8    0.9 0.2    0 0.1    0 
 

 

 
Therefore, the composition and lattice parameters that were experi- 

mentally determined herein for W-phase are unique. 

To rationalise the chemical ordering in the atomic-resolution HAADF-

STEM image in Fig. 4c, a projected until cell of W-phase along the [1̄11̄]W  

direction  was  simulated  using  the  CrystalMaker®  software and is 

presented in Fig. 4e. The simulation was performed from the 

experimentally determined lattice parameters from the present study, and  

the  structural  data  of  W-phase  with  stoichiometric composition 

 
Table 4 

Structural parameters of W-phase (Al6.5Cu5.5Sc) [50].  

Atoms x/a y/b z/c Wyckoff notation 
 

 

Sc 0 0 0 2a 

Cu 0.25 0.25 0.25 8i 

Al 0.357 0 0 8j 

Cu, Al 0.284 0.5 0 8f 
 

 

Al6.5Cu5.5Sc provided in Table 4 [50]. The simulated unit cell of W- phase 

in Fig. 4e matches closely with the projected unit cell as marked by 

dashed yellow lines in Fig. 4c. For better visualisation, the simulated unit 

cell was slightly tilted off the [1̄11̄]W  zone axis (Fig. 4f). The red, black 

and green spheres represent Sc, Al and Cu atoms, respectively, and 

yellow  spheres  correspond  to  either  of  Cu  and  Al  atoms  (Fig. 4(e–

f)). The intensities corresponding to the atomic column po- sition (0,0,0) 

are strong because of the presence of Sc and Cu atoms 

(Fig. 4(c and f)). In this study, W-phase was also found to contain a minor 

amount of Zr, whose exact position in the unit cell could not be 

determined. 

The GB microstructure and microchemistry of Al-Cu and Al-Cu-Sc- Zr 

alloys are presented in Figs. (5–7) and Table 3. 

The Al-Cu alloy contained sub-micrometre to micrometre sized θ′- phase 

precipitates along its HAGBs (Fig. 5 and Table 3). Whilst, HAGBs in the Al-

Cu-Sc-Zr alloy contained sub-micrometre sized θ′-phase pre- cipitates 

and W-phase (AlxCu6ScZry≈0.3) constituent particles, and na- nometre 

scale Al3(Sc,Zr) particles (Fig. 6 and Table 3). Precipitates of θ′-phase 

along HAGBs were less in number and not closely spaced in the Al-Cu-Sc-

Zr alloy when compared to the precipitates along HAGBs in the Al-Cu 

alloy (Figs. 5 and 6), as a result of the formation of W-phase along HAGBs 

in the Al-Cu-Sc-Zr alloy. The width of PFZs was higher adjacent to HAGBs 

containing W-phase constituent particles when compared to θ′-phase 

precipitates (Fig. 6). In addition, the PFZ width also varied based on the 

size of precipitates and constituents along HAGBs; the larger the size of 

precipitates and constituent particles, the more the width of PFZs. 

In contrast to HAGBs, θ′-phase precipitates were finer and closely spaced 

along LAGBs in the Al-Cu-Sc-Zr alloy (Figs. 6 and 7), resulting in PFZs of 

smaller width adjacent to LAGBs. In addition, W-phase con- stituents 

were not observed along LAGBs in the Al-Cu-Sc-Zr alloy, in- dicating that 

the constituents are preferred to nucleate and grow along HAGBs. 

Microstructure and microchemistry of LAGBs in the Al-Cu alloy were not 

studied as such GBs were less in number and hence not ob- served in 

any of the TEM specimens. However, smaller and closely spaced θ′-

phase precipitates can be predicated along LAGBs with PFZs of smaller 

width when compared to HAGBs of the Al-Cu alloy. Such detailed 

characterisation in understanding the GB microstructure and 

microchemistry of the alloys studied herein is important in assessing the 

IGC behaviour, and was not performed before. 
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Fig. 5. (a) and (b) are BF-STEM and HAADF-STEM images of a high angle grain boundary in the Al-Cu alloy, respectively. The EDXS maps correspond to the STEM 

images. 
 

3.4. Corrosion and electrochemical characteristics 

3.4.1. Potentiodynamic polarisation assessment 

Potentiodynamic polarisation response of Al-Cu and Al-Cu-Sc-Zr alloys in 

naturally-aerated and deaerated 0.1 M NaCl is shown in Fig. 8, and the 

results evaluated from the polarisation response are presented in Table 

5. 

The icorr was determined to be twice more for the Al-Cu alloy than the 

Al-Cu-Sc-Zr alloy, based on tests in naturally-aerated NaCl, in- 

dicating that corrosion resistance is improved with Sc and Zr additions. In 

addition, Ecorr and OCP were determined to be similar for both Al-Cu 

and Al-Cu-Sc-Zr alloys. The Epit was difficult to discern for both Al-Cu 

and Al-Cu-Sc-Zr alloys as it was close to their Ecorr in the naturally- 

aerated NaCl. Therefore, 0.1 M NaCl was deaerated to shift the Ecorr less 

noble than the Epit by retarding or eliminating the oxygen reduction 

reaction (reaction 1). In such deaerated NaCl, water reduction (reaction 

2) becomes a prominent cathodic reaction upon Al alloys. The anodic 

reaction corresponding to the dissolution of Al from Al alloys is re- 

presented by reaction 3. 

O2 + 2H2O + 4e−→4(OH)− (1) 

2H2O + 2e−→ H2 + 2(OH)− (2) 

 

Fig. 6. (a–e) Montage of HAADF-STEM images of high angle grain boundaries in the Al-Cu-Sc-Zr alloy. 
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Fig. 7. (a–b) Montage of HAADF-STEM images of low angle grain boundaries in the Al-Cu-Sc-Zr alloy. Atomic resolution HAADF-STEM image of one of the 

precipitates in ‘a’ is shown in ‘c’. 
 

 

 

Fig. 8. Potentiodynamic polarisation response of Al-Cu and Al-Cu-Sc-Zr alloys in 

naturally-aerated and deaerated 0.1 M NaCl. 

 
Al→Al+3  + 3e− (3) 

The Epit was determined to be ≈ 50 mV less noble for the Al-Cu-Sc-Zr 

residual stress and strain were also known to influence the icorr [32–36]. 

However, a definitive understanding on the role of such microstructural 

parameters on the icorr is complicated, as it is difficult to decouple the 

variation in one with another. Such microstructural parameters play a 

primary role in influencing the corrosion of pure metals. In alloys, in 

addition to such microstructural parameters, second phase particles and 

composition that are dictated by alloying additions and thermal treat- 

ments also influence the corrosion behaviour. 

The role of Sc on the potentiodynamic polarisation response of high purity 

Al was previously studied [42]; Ecorr and Epit were ennobled and the icorr 

was decreased with the addition of Sc, indicating an im- provement in the 

corrosion behaviour of Al with the addition of Sc. The improvement in the 

corrosion behaviour was attributed to the forma- tion of protective Sc-

containing oxide layer [42]. It was later speculated the formation of 

Sc(OH)3 layer that might be the reason for the im- provement in corrosion 

behaviour of a (Sc, Zr)-containing 7xxx alloy that was free of second 

phase particles [47]. Such a speculation was made as Sc did not improve 

the corrosion behaviour of the alloy con- taining second phase particles 

and Sc(OH)3 was considered to be less soluble than Sc2O3 in water [47]. 

In the Al-Cu system, Sc addition en- nobled  the  Epit  [48],  contradicting  

the  present  study  (Fig.  8  and 
Table 5). This discrepancy could be due to the variation of alloy com- 

alloy than the Al-Cu alloy, indicating that pitting resistance decreases with 

Sc and Zr additions. However, the passive current density was 

determined to be lower for the Al-Cu-Sc-Zr alloy than the Al-Cu alloy in 

deaerated conditions, indicating that the passive film developed upon the 

Al-Cu-Sc-Zr alloy is more protective than that of the Al-Cu alloy. 

Microstructure and microchemistry of Al-Cu and Al-Cu-Sc-Zr alloys 

influenced the potentiodynamic polarisation response. The decrease in 

the grain size and thereby increasing the GB length would decrease the 

icorr, as GBs aid in rapid formation of a protective oxide layer upon 

metals and alloys that exhibit corrosion rates lower than 10 μA/cm2 

[32]. Therefore, the decrease in the icorr of the Al-Cu-Sc-Zr alloy com- 

pared to the Al-Cu alloy is a result of the decrease in grain size and 

increase in the length of GBs. Such influence of grain and GB para- 

meters on the icorr was determined to be associated with the variation in 

anodic reaction kinetics [32,33]. In addition, the texture, i.e. crystal- 

lographic orientation of grains generated by processing techniques, and 
 

Table 5:

position, processing, ageing and microstructure. In addition, the Epit is a 
qualitative parameter and does not give information on the number and size 
of pits, and hence the extent of damage caused by pitting. There- fore, 
quantification of pitting, following a period of immersion  in NaCl  is essential 
to access the pitting of Al-Cu and Al-Cu-Sc-Zr alloys. 

 
3.4.2. Immersion test and optical profilometry studies 

The evolution of pits upon Al-Cu and Al-Cu-Sc-Zr alloys following 7 days 

immersion in 0.1 M NaCl was studied using optical profilometry and is 

shown in Fig. 9. 

It is evident that there were only sub-micrometre scale features and 

grinding scratches, following preparation up to 1 μm surface finish, upon 

pristine surfaces of Al-Cu and Al-Cu-Sc-Zr alloys (Fig. 9a and b). 

Following 7 days immersion in 0.1 M NaCl, pits developed upon both the 

Al-Cu and Al-Cu-Sc-Zr alloys (Fig. 9c and d). Statistics on pits upon Al-Cu 

and Al-Cu-Sc-Zr alloys over an area of ≈ 4.62 mm2 are presented 

Corrosion current density (icorr), corrosion potential (Ecorr), open circuit potential (OCP) and pitting potential (Epit) of Al-Cu and Al-Cu-Sc-Zr alloys in 0.1 M NaCl. 
 

Sample I.D icorr (×10
−6 

A. cm
-2

) Ecorr (VSCE) OCP (VSCE) Epit (VSCE)
*
 

Al-Cu 6.78 ± 0.44 −0.624 ± 0.004 −0.657 ± 0.002 −0.568 ± 0.005 

     Al-Cu-Sc-Zr 3.29 ± 0.63 −0.643 ± 0.007 −0.669 ± 0.003 −0.619 ± 0.009 

* measured in the deaerated condition. 
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Fig. 9. (a and c) and (b and d) are representative vertical scanning interferometry – optical profilometry images of Al-Cu and Al-Cu-Sc-Zr, respectively. Images (a and  b) 

and (c and d) were taken prior to and following 7 days immersion of both alloys in 0.1 M NaCl, respectively. Statistical analysis of pits that evolved over an area of 

≈ 4.62 mm2 (four different regions) following 7 days immersion are presented in e and f.  
 

in Fig. 9e and f. The average total number of pits developed upon the Al-

Cu-Sc-Zr  alloy  (431 mm−2)  is  higher  than  the  Al-Cu   alloy   (389 

mm−2). However, the extent of damage caused by pits does not solely 

depend on the number of pits but also on their diameter and depth. From 

Fig. 9(e and f), pits with depths up to ≈ 200 μm and ≈ 132 μm were 

observed upon Al-Cu and Al-Cu-Sc-Zr alloys following 7 days immersion, 

respectively. In addition, more pits with depths greater than 1 μm were 

observed upon the Al-Cu alloy than the Al-Cu-Sc-Zr alloy. Furthermore, 

pits with higher diameter were observed upon the Al-Cu alloy than the Al-

Cu-Sc-Zr alloy. Based on the statistics on pit number, size and depth of 

Al-Cu and Al-Cu-Sc-Zr alloys, it can be concluded that the extent of 

damage caused by pitting is more for the Al-Cu alloy than the Al-Cu-Sc-

Zr alloy. Therefore, the refinement in size of the particles and precipitates 

in the Al-matrix, albeit their increase in number density and evolution of 

W-phase and Al3(Sc,Zr) phase, im- proved the extent of damage caused 

by pitting with Sc and Zr additions. The difference in solid solution 

composition and variation in the texture of Al-Cu and Al-Cu-Sc-Zr alloys 

would also have influenced the dis- solution kinetics of the Al-matrix. 

3.4.3. Investigation of pitting origin 

To identify the origin of pitting, Al-Cu and Al-Cu-Sc-Zr alloy spe- cimens, 

which were metallographically prepared to a 0.01 μm surface finish in 

colloidal silica suspension, were immersed in 0.1 M NaCl for 10 h and 

subsequently examined using SEM (Fig. 10). 

Pits originated in the Al-matrix and developed in the form of tren- ches at 

the periphery of all second phase particles, in both Al-Cu and Al- Cu-Sc-Zr 

alloys, indicating that Al2Cu, AlxFe3-4Cu and W-phase (AlxCu5- 8ScZry) 

particles are cathodic, more noble, to the Al-matrix. The elec- trochemical 

characteristics of Al2Cu and (Fe- and Cu)-containing par- ticles, and in the 

context of localised corrosion of Al-alloys, was pre- viously studied [22–

24]. It was determined that Al2Cu and (Fe- and Cu)-containing particles 

were cathodic to the Al-matrix, resulting in the dissolution of Al-matrix at 

their periphery [22–24]. During dissolution   of the Al-matrix, the oxygen 

reduction reaction upon Fe-containing and Cu-containing particles was 

determined to be strong enough to increase the pH locally, exacerbating 

the dissolution of the Al-matrix at their periphery [22–24]. Herein, it is for 

the first time that we report that W- phase is cathodic, more noble, to the 

Al-matrix. 

Pitting can also initiate by dissolving the Al-matrix at the periphery 
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Fig. 10. Secondary electron - SEM images of (a) Al-Cu and (b) Al-Cu-Sc-Zr alloys following 10 h exposure to 0.1 M NaCl. 

 
Fig. 11. Optical micrographs showing cross- 

sectional surfaces of (a) Al-Cu and (b) Al-Cu- 

Sc-Zr alloys, following ASTM G110 immersion 

test for 27 h. The inset in image ‘b’ is the high 

magnification image of the region within the 

dotted rectangular box. Red and yellow arrows 

in the inset in ‘b’ point to IGC and pitting, re- 

spectively. Image ‘c’ shows IGC depth vs. mass 

loss for both the alloys, following the test. (For 

interpretation of the references to colour in this 

figure legend, the reader is referred to the web 

version of this article.) 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 

of sub-micrometre scale θ′-phase precipitates in the Al-Cu alloy. In the 

case of Al-Cu-Sc-Zr alloy, most of θ′- and θ′′-phase precipitates did not 

contribute to discernible pitting, as their thickness was fine and below the 

critical thickness to initiate pitting in Al-alloys [37–41]. In addition, 

nanoscale Al3(Sc,Zr) are known to be electrochemically inactive and not 

associated with pitting, as they become spontaneously passive when 

anodically polarized and also do not support the oxygen reduction re- 

action at appreciable rates when cathodically polarized [46,47]. 

 
3.4.4. Intergranular corrosion assessment 

Optical micrographs of cross-sectional surfaces of Al-Cu and Al-Cu- Sc-

Zr alloys exhibiting IGC and IGC + pitting, respectively, following ASTM 

G110 immersion test for 27 h are shown in Fig. 11a and b. The IGC depth 

vs. mass loss of the alloys following the test is presented in Fig. 11c. 

The mode of corrosion in the Al-Cu alloy was IGC, whilst that in the Al-

Cu-Sc-Zr alloy was IGC + pitting. It is also noted that the IGC attack is 

uniform in the Al-Cu alloy, whilst, IGC + pitting attack was not 

uniform in the Al-Cu-Sc-Zr alloy (Fig. 11 a–b). The average depth of IGC 

for the Al-Cu alloy and IGC + pitting for the Al-Cu-Sc-Zr alloy was 

478.94 ± 73.71 μm and 66.29 ± 42.13 μm, respectively. In addition, 

the  average  mass  loss  of  Al-Cu  and  Al-Cu-Sc-Zr  alloys  was 

37.55 ± 12.75 mg.cm−2  and 15.43 ± 0.28 mg.cm−2, respectively. 

Therefore, the extent of damage caused by IGC was more for the Al-Cu 

alloy than combined IGC + pitting in the Al-Cu-Sc-Zr alloy. The var- iation 

in the mode and extent of corrosion with Sc and Zr additions is a result of 

the variation in GB type and length, in addition to the for- mation of 

different phases along GBs and within grains. 

Based on the reported electrochemical characteristics of Al2Cu, (Fe- and 

Cu)-containing particles and Al3(Sc,Zr) in Al-alloys [22–24,46,47], and of 

W-phase from the present study, the phenomenology of IGC in the Al-Cu 

alloy and IGC + pitting in the Al-Cu-Sc-Zr alloy may be de- duced from 

the electron microscopy results. In the Al-Cu alloy, IGC was associated 

with the dissolution of PFZs adjacent to noble θ′-phase precipitates along 

GBs. Whilst in the Al-Cu-Sc-Zr alloy, IGC was asso- ciated with the 

dissolution of PFZs along GBs containing noble θ′-phase 
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Fig. 12. Vickers hardness of Al-Cu and Al-Cu-Sc-Zr alloys with an applied load  of 1 

kg. 

 
precipitates and W-phase particles, and pitting was associated with the 

dissolution of PFZs at the periphery of noble W-phase particles formed 

within grains. In the Al-Cu-Sc-Zr alloy, Al3(Sc,Zr) particles were con- 

sidered to be electrochemically compatible with the Al-matrix [46,47], and 

hence with the PFZ, and do not contribute to IGC. In addition, constituent 

AlxCu3Fe particles were not observed along any of the GBs in Al-Cu and 

Al-Cu-Sc-Zr alloys, as the particles are not influenced by thermal 

treatments and form significantly less in number when com- pared to 

precipitates. Therefore, the role of Fe-containing particles in the 

propagation of IGC is negligible, though their rare encounter along GBs 

aid in the dissolution of the PFZ. The depth of attack was lesser for the Al-

Cu-Sc-Zr alloy than the Al-Cu alloy as a result of the formation of smaller 

grains and increase in the length of GBs, making the IGC path circuitous. 

3.5. Hardness evaluation 

Vickers hardness values as determined for Al-Cu and Al-Cu-Sc-Zr alloys 

are presented in Fig. 12. 

The hardness values of Al-Cu and Al-Cu-Sc-Zr alloys are 68.5 ± 2.5 and 

98.5 ± 4.4, respectively. In a different study, the tensile strength of the 

Al-Cu-Sc-Zr alloy was determined to be higher than the Al-Cu alloy [7]. 

The significant increase in mechanical properties of the Al- Cu-Sc-Zr alloy 

when compared to the Al-Cu alloy is a result of micro- structural variation, 

such as an increase in the number density and a decrease in size of θ′-

phase precipitates, presence of nanometre scale core-shell Al3(Sc,Zr) 

particles, a decrease in grain size and presence of deformed grain 

structure with Sc and Zr additions. 

All the above findings indicate that Sc and Zr additions can sig- nificantly 

improve the corrosion behaviour and strength, via modifying the 

microstructure, of 2xxx series Al-Cu alloys, despite the formation of W-

phase. Further increase in the properties can be achieved by in- hibiting 

W-phase formation. The probable methods that can aid in in- hibiting the 

formation of W-phase are by decreasing the Cu content in the alloy, 

adding minor solute elements that can consume extra Cu and designing 

specific processes and thermal treatments. 

4. Conclusions 

Herein, the microstructural variation caused by Sc and Zr additions to a 

model 2xxx series Al-Cu alloy aged at 190 °C for 18 h was explicitly 

studied in the context of corrosion and hardness. The following con- 

clusions can be drawn: 

1 The addition of Sc and Zr to the Al-Cu alloy led to significant mi- 

crostructural variation by inhibiting the recrystallization, retaining 

deformed grains and extrusion texture, refining grains and thereby 

varying grain boundary (GB) type and length. Second phase parti- 

cles and precipitates decreased in size and increased in number with 

Sc and Zr additions to the Al-Cu alloy. Core-shell Al3(Sc,Zr) particles 

nucleated Guinier-Preston zones, which were transformed to θ′′- and 

θ′-phase precipitates. Constituent W-phase (AlxCu5-6ScZry≈0.3) was 

also observed within grains and along high angle GBs of the Al-Cu- 

Sc-Zr alloy. 

2 The corrosion current density decreased by ≈2-fold, the pitting 

potential demeaned by ≈50 mV and the passive current density 

decreased with Sc and Zr additions to the Al-Cu alloy. Such variation 

in the electrochemical response was attributed to the micro- 

structural variation caused by Sc and Zr additions to the Al-Cu alloy. 

However, no significant variation in corrosion and open circuit 

potentials was observed with Sc and Zr additions to the Al-Cu alloy. 

3 The extent of damage caused by pitting decreased with Sc and Zr 

additions to the Al-Cu alloy. Pits were developed in the form of 

trenches upon Al-Cu and Al-Cu-Sc-Zr alloys, dissolving the Al-matrix 

at the periphery of Al2Cu, AlxFe3-4Cu and W-phase (AlxCu5-8ScZry) 

particles. 

4 The addition of Sc and Zr to the Al-Cu alloy led to the transformation 

of the  corrosion  mode  from  intergranular  corrosion  (IGC)  to  IGC 

+ pitting. Such a transformation was attributed to the dissolu- tion of 

anodic precipitate free zones adjacent to cathodic W-phase particles 

that were formed within grains and along high angle GBs of the Al-

Cu-Sc-Zr alloy. However, the amount of mass loss and the depth of 

attack decreased with Sc and Zr additions to the Al-Cu alloy. 

5 The increase in hardness with Sc and Zr additions to the Al-Cu alloy 

was attributed to the refinement in size and increase in number 

density of nanoscale θ′′- and θ′-phase precipitates, and the presence 

of nanoscale Al3(Sc,Zr) particles. The decrease in grain size and 

presence of deformed grain microstructure also contributed to the 

increase in hardness. 
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